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 Modern solid oxide fuel cells (SOFCs) operate at sufficiently low temperatures to allow 
the use of alloy interconnects in the SOFC stacks. The alloys used are cheaper, more formable, 
and more conductive than the traditional ceramic materials used for interconnects. However, 
the long term SOFC performance is limited by oxidation of the alloy interconnect. To ameliorate 
the issues which result from oxidation, manganese cobaltite spinel coatings are typically 
applied. 
 The microstructural effects of the reduction step in the reactive consolidation of slurry 
processed Mn1.5Co1.5O4 (MCO) coated Crofer 22 APU were studied. The reduced coating 
contained particles of MnO with the NaCl structure and Co with the face centered cubic (FCC) 
structure. The interface exhibited a thin dense chromia layer with a thicker porous MnCr2O4 
over-layer with needle-like protrusions into the reduced coating. The consequences of these 
observations for the complex microstructural variation during subsequent re-oxidation are 
discussed. 
 The effects of Cr, Ni, and Fe substitution into MCO spinels are of great interest due to 
the roles that the diffusion of these cations play in reaction layer development during high 
temperature exposure of MCO-coated alloys. Here a study is reported on a series of model Cr-,  
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Ni-, and Fe-substituted MCO spinel ceramics. The cation site occupancies in these samples have 
been studied by X-ray spectrometry- based Atom Location by CHanneling Enhanced MIcro-  
analysis (ALCHEMI) experiments in the transmission electron microscope. These ALCHEMI data 
could provide a useful insight into the role of cation sub-lattice site preference in the formation 
of reaction layers in MCO-coated stainless steels and superalloys. 
 The use of pulsed laser deposition to produce high-quality manganese cobaltite spinel 
coatings on Crofer 22 APU substrates has been investigated. It is shown that deposition from 
ceramic MCO targets in a N2 environment results in smooth, dense polycrystalline coatings 
comprised of rock-salt (Mn,Co)O and FCC Co phases. Post-deposition annealing in laboratory air 
led to re-oxidation of the coatings to give spinel phases with a thin chromia layer at the 
interface with the substrate. There are local variations in the porosity and surface morphology 
of the coating, which appear to be correlated with the orientation of the underlying substrate 
grains. These observations indicate that control of grain structure in the substrate may be 
necessary to promote microstructural stability in such coatings. 
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Chapter 1: Introduction 
 
1.1 Current Fuel Cell Technology 
The impetus for the technological development of fuel cells is due to their inherent 
capability to provide clean and efficient electricity from fuel. Development of fuel cell 
technology is necessary for fuel cells to surpass gas turbines which have been so well 
engineered to provide cheap and reliable electricity. Fuel cells have an advantage because the 
efficiency of the gas turbine engine is limited by the Carnot cycle [1]. The temperature and 
pressure difference between the combustion chamber and exhaust duct cannot be increased 
much further than 900 °C and 50 atm due to the thermal properties of the turbine blades and 
the friction of air flow [2, 3]. In fuel cells, these intermediate steps of producing heat and 
mechanical work to generate electricity are avoided with electrochemistry [4]. 
In the electrochemical reaction, electricity and heat are the byproducts of combining 
hydrogen and oxygen ions. In a fuel cell, the temperature window of operation is determined 
by an ion permeable electrolyte which separates the fuel and oxidant. In turn, the temperature 
window dictates the type of catalysts and fuel that can be used. Therefore, the material and 
operation cost of a fuel cell is determined by the type of electrolyte.  
Proton exchange membrane fuel cells (PEMFCs) are the most common low temperature 
(LT) devices. The temperature of the polymer electrolyte must be kept below 100°C because 
the proton exchange mechanism is assisted by liquid water. Pt is generally used as a catalyst at 
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LT, which limits the feedstock to pure H2. The high cost of Pt and H2 make production of 
electricity with PEMFCs expensive. Expensive electricity is only acceptable for special 
applications, such as hand held devices and transportation.  
Solid oxide fuel cells (SOFCs) are a promising technology to replace or run in conjunction 
with turbine power plants to increase efficiency [5,6]. SOFCs are run at high temperatures to 
allow sufficient ion transport across the solid oxide electrolyte. High temperatures permit the 
use of a variety of cheap catalysts and fuels. Therefore, power can be supplied to a microgrid at 
competitive prices. However, the high operating temperatures are associated with long term 
degradation issues of major cell components. The rate and extent of degradation must be 
addressed so that the high capital cost of the SOFC system can be offset over time with the 
cheap generation of electricity [7]. 
 Presently, the consumer base for SOFCs is limited to the commercial and industrial 
sector. Affordable electricity from SOFCs is able to be attained through the manufacture of high 
power units because of economies of scale. In 2013 the largest fuel cell supplier, Bloom Energy, 
has made high power SOFC installations across the U.S which provide 81.4 MW of power in 
total. Bloom Energy’s largest SOFC installation, 30 MW, was for a utilities company in Delaware 
called Delmarva Power [8]. SOFC have commonly been installed at companies which must have 
uninterrupted power for their computer servers, such as Google, eBay, Verizon, and JPMorgan 
Chase, and for critical experiments, such as Life Technologies [8]. Walmart has 35 SOFC units 
supporting stores and distribution centers which will allow them to operate during blackouts 
[8].  After purchasing and experiencing the benefits of SOFCs firsthand many companies have 
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purchased additional or even larger SOFC systems [9]. Continued research and development is 
required to make a wide scale deployment of SOFC power plants [10]. 
 
1.2 Solid Oxide Fuel Cell Operation and Design 
  The electrolytically active components of a SOFC are the cathode, anode, and 
electrolyte [11]. In Figure 1.1, oxygen gas flows through the porous cathode and is reduced at 
high energy sites. Oxygen ions then diffuse through the dense electrolyte, reach the anode, and 
oxidize the fuel producing electricity and heat [12]. Considering methane as the fuel, the 
chemical reactions for fuel reforming and water-gas shift are shown in Equations 1.1 and 1.2 
and are necessary for the electrochemical reaction shown in Equation 1.3. 
       CH4 + H2O ↔ CO + 3H2              (1.1) 
CO + H2O ↔ CO2 + H2                (1.2) 
H2 + 
1
2
O2 ↔ H2O     G = -237 kJ/mol and H = 286 kJ/mol   (1.3) 
The heat released from the water-gas shift and electrochemical reaction is recycled to preheat 
Figure 1.1: Schematic of how the fuel cell components facilitate 
the electrochemical reaction [Reproduced from 12]. 
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the air entering the cathode and convert the water at the anode inlet to steam. 
 The maximum electrical efficiency of an electrochemical reaction is [12]: 
          rev= G/H            (1.4) 
Using Equation 1.4 with the reaction in Equation 1.3, 83% of the energy released from the 
oxidation of hydrogen can harnessed in the form of electricity.  
 The following series of Equations describes the relationship between the energy that is 
put to work in the form of electricity and lost in the form of heat. Equation 1.5 is the reversible 
isothermal condition of Gibb’s free energy: 
         G = H – TS                (1.5) 
Equation 1.6 is the change in entropy: 
         S = 
𝑄
𝑇
                 (1.6) 
Enthalpy, H, can be defined as the amount of energy not released as heat, Q, due to the 
production of work, W.  
         H = Q – W                    (1.7) 
In this case, W is the electrical work and is equal to ∆𝐺 by combining Equations 1.5, 1.6, and 
1.7. 
                                                 ∆𝐺 = 𝑄 − 𝑊 − 𝑇
𝑄
𝑇
= −𝑊                   (1.8) 
 The actual electrical efficiency of the cell can be calculated by comparing the actual 
voltage and the maximum voltage. The maximum voltage of a cell is: 
          𝐸𝑟𝑒𝑣 = −
∆𝐺
2𝐹
                        (1.9)  
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Where the constant, 2, comes from the number of moles of electrons produced in the reaction. 
F is the Faraday constant, 96,485 C/mole, for the charge on one mole of electrons. Based on the 
reaction in Equation 1.3, 𝐸𝑟𝑒𝑣 = 1.23 V.  
 The actual cell voltage, E, is affected by polarization losses [13]: 
       E = Erev – Vact – Vohm – Vconc                           (1.10) 
The activation polarization, Vact, depends on the catalytic efficiency of the electrodes. The 
ohmic polarization, Vohm, is due to the ohmic resistance of the electrolyte, electrodes, and the 
current collectors, interconnects, and their interfaces. The concentration polarization, Vconc, 
depends on the concentration of gases through the entire cross-section of the electrodes.  
 The current density of each 
cell is proportional to the inlet molar 
flow rate of fuel and oxygen. The 
flow rate is adjusted to maximize the 
power density with respect to the 
overall efficiency of the cell [14]. As 
shown in Figure 1.2, there are three 
distinct regions of polarization loss 
with increasing current density. 
Firstly, activation loss dominates due 
to the rate limit of fuel and oxygen reduction [15]. Secondly, ohmic loss occurs primarily due to 
the rate limit of ion transport and increases linearly. Lastly, at high flow rates a sharp drop 
occurs due to the transport and mechanical limits of the pressure needed to distribute 
Figure 1.2: Electrical characteristics of a SOFC as a 
function of current density. 
V
o
lt
ag
e
 [
A
] 
an
d
 P
o
w
e
r 
d
e
n
si
ty
 
Current Density [A/cm
2
] 
   
  P
o
w
er
 D
en
si
ty
 a
n
d
 V
o
lt
ag
e
 
Max 
Power Density 
[W/cm
2
] 
Voltage [V] 
  
6 
 
fuel/steam and oxygen through the porous electrodes [16]. A maximum fuel conversion 
efficiency of 85% is achieved when SOFCs are combined with turbine engines to operate at 
pressures close to 8 bar [17]. With these three limitations, the optimum cell potential, E, is 
around 0.7 V (Seok Lee). With this voltage the actual electrical efficiency of the cell can be 
calculated by the Equation: 
          = E/Erev                                             (1.11) 
State of the art SOFCs operate with an electrical efficiency of 0.7 V/1.23 V = 0.6, which is 
twice the electrical efficiency of gas turbine engines. 
 On-site combined heat and power (CHP) SOFC 
systems allow recovery of the generated heat which is an 
essential resource for manufacturing plants. The high 
concentration of CO2 in the anode exhaust allows for 
cheap and efficient carbon capture (CC) making SOFCs a 
solution to greenhouse gas emission. In a carbon-
constrained society with penalties on carbon emission, 
the cost of SOFC-CHP-CC power can currently compete 
with gas turbine power at 410 $/KWe (the unit KWe 
stands for Kilowatt electric and represents the amount of 
electrical power produced) [18]. The generated heat plays a pivotal role in sustaining the 
kinetics necessary for ion transport through the solid oxide electrolyte. The ceramic 
microstructure and material make-up of the active layers depicted in Figure 1.1 are shown in 
Figure 1.3. The electrode materials, Ni-yttria stabilized zirconia (YSZ) and La-based perovskites 
Ni-Cermet 
YSZ 
LSM 
Figure 1.3: Secondary electron 
micrograph of a Ni-YSZ anode, 10 m 
thick electrolyte, and cathode layers 
shown from top to bottom 
[Reproduced from 23]. 
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[19] have been chosen based on their interaction with the YSZ electrolyte [20]. The mechanical 
and oxygen ion transport properties of YSZ make this an exceptional electrolyte material. There 
have been advancements in processing of the layers through doping and creating a composition 
variation to reduce polarization losses [21,22]. However, the key development was in sol-gel 
deposition which has allowed industry to effectively fabricate cells with a dense YSZ electrolyte 
layer less than 10 m thick [23]. The reduction in thickness from conventionally 200 m screen 
printed YSZ layers allows a greater flux of oxygen ions at a lower operating temperature. A drop 
in operation temperature from (950° - 1000°C) to (650°C – 800°C) has enabled materials with 
lower temperature constraints to be used in SOFC manufacture [24].  
   
1.3 Interconnects 
 SOFCs are manufactured in 
stacks to increase the combined 
voltage of the cells, minimize 
material and fabrication cost, 
maintain internal heat, and 
provide compact power. There are 
two common SOFC stack designs that can achieve these feats, tubular [25] and flat plate [26]. 
The material specifications for both of these designs are similar [27]. The repeat elements 
which make up a SOFC stack are illustrated in Figure 1.4. They consist of a cathode, electrolyte, 
and anode layer joined to an interconnect with a conductive contact paste. The interconnect 
Figure 1.4: Illustration of the flat plate design used for SOFC stacks.  
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separates each cell in the stack providing a framework for structural stability, fuel and air flow, 
and electrical current.  
 High temperature ion conducting ceramic interconnects [28,29], can now be replaced 
with intermediate temperature metallic interconnect alloys due to the lower temperature 
constraints [30]. The main drive for using metallic interconnects is that they are cheaper to 
fabricate, have a better mechanical durability, and have a higher conductivity [31]. There is an 
extensive list of requirements that interconnects must fulfill due to the multiple roles they play. 
This list includes:  
 Low cost by volume since the interconnect is a repeat component which can attribute up to 
$10/kW to the cost of an $80/kW stack. 
 Ease of fabrication to reduce the cost necessary for complex manufacturing of gas channels 
that will seal properly. 
 Electrical conductivity greater than 1 S/cm for economic efficiency.  
 Coefficient of thermal expansion (CTE) within a range of 11 – 13 ppm/K to match the 
electrodes and electrolyte so that the thermal stresses developed during start-up and shut-
down can be minimized. 
 Impervious to oxygen and hydrogen gas to prevent direct combination of oxidant and fuel 
from the cathode and anode side. 
 Adequate strength and creep resistance at elevated temperatures. 
 No reaction or interdiffusion between the interconnect and its adjoining components.  
 Excellent oxidation, sulfidation, and carbon cementation resistance. 
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 Interconnects must maintain performance while operating in the severe conditions of 
the cathode and anode environment [32]. No material, metal or ceramic, can meet all of these 
demands. The two classes of materials that have been given considerable interest are Ni-based 
superalloys and ferritic stainless steel (FSS) alloys. Ni-base superalloys generally have TEC values 
higher than the ceramic electrode materials. To account for the TEC mismatch, a monolithic 
SOFC stack design is used with an anode support structure and the Ni-based superalloy is just a 
wire mesh current collector [27]. FSS alloys are much more common because the CTE has a 
better match to the ceramic electrode materials allowing SOFC stacks to be supported by the 
interconnect [27]. FFS alloy interconnects are manufactured as cold rolled sheets with the gas 
channels pressed and the repeat units welded together to provide a gas tight seal [33].  
 Commercial interconnect alloys have been developed using microalloying elements to 
enhance their heat resistant properties. The leading commercial alloy, is a FSS supplied for 
auxiliary power units (APUs), called Crofer 22 APU [34,35]. The high temperature oxidation 
properties of this alloy set it apart from conventional FSS because manganese chromite forms 
above the chromia scale to provide enhanced performance. However, this alloy and all others 
still have problems with the long term degradation.  
 
1.4 IT-SOFC Degradation Derived from Alloy Interconnects 
 The Solid State Energy Conversion Alliance (SECA), a program dedicated to the research, 
development, and commercialization of SOFC technology, has set a goal for SOFCs to last 
40,000 hours with a degradation rate less than 0.2% per 1000 hours. Therefore, over the 
lifetime of the SOFC stack, a voltage drop of 8% would make the production of electricity from 
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SOCF stacks economically inefficient. 21% degradation was observed in 1000 hours of SOFC 
operation using the leading commercial alloy interconnect, Crofer 22 APU [36]. The majority of 
the degradation observed was due to ohmic and activation losses caused by the alloy 
interconnect.  
 Initially, the electrical current between the alloy interconnect and electrode is based on 
the conductivity of the (La,Sr)1(Co,Fe)1O3 contact layer (230 S/cm) [37]. Over time a chromia 
and Mn1Cr2O4 scale, both with a conductivity of 0.02 S/cm at 800°C, develop on the surface of 
the Crofer 22 APU alloy interconnect causing a voltage drop of 3-4.3%/1000 hours [38].  
 Degradation is also caused by volatile Cr species that transport from the Mn1Cr2O4 
surface [39,40], through the porous cathode, and deposit at the cathode/electrolyte interface 
[41]. The formation of chromia at triple phase boundaries and the electrolyte interface causes a 
reduction in catalytic activity and ion transport [42]. Continued growth of the scale leads to 
stress between the interconnect and contact layer and has been projected to result in 
mechanical failure at 4750 hours [43]. 
 
1.5 Protective Coatings 
  A protective coating is required to retard the oxidation kinetics of the interconnect alloy 
and to inhibit Cr volatility [42]. The requirements that apply to interconnects, listed in Section 
1.3, also apply to their coatings. Several coating materials, deposition, and consolidation 
methods have been studied. The successful materials have been able to form a dense and 
adherent coating that has a high electronic conductivity and low ionic conductivity. 
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  La-based perovskites doped with alkaline earth [43], transition [44], and rare earth 
metals [45] were first evaluated as a possible coating material due to their use as electrode and 
ceramic interconnect materials. Perovskite is an AB2O3 compound with a structure dependent 
on the composition and processing conditions. Rare earth and alkali earth elements substitute 
into the A sublattice and transition metals typically substitute into the B sublattice. The large 
ionic radius and electron configuration of La results in a crystal structure and density of states 
conducive to electronic conduction. The electronic conductivity can be increased further by 
doping with Sr to increase the carrier concentration and decrease the effective mass [46]. The 
only success that has been reported for La-based perovskites, has been in the form of dense 
films achieved by advanced deposition techniques [47, 48, 49, 50, 51, 52, 53, 54]. 
  The temperature necessary for sintering perovskites is near the melting point of alloy 
interconnects which prevents the use of scalable deposition techniques to achieve consolidated 
coatings [55, 56, 57, 58]. Without proper coating densification, the volatile Cr compounds have 
a short circuit path through the pore structure to reach and poison the cathode [59, 60]. Also, 
there have been several reports of the formation of a Sr-chromite phase at the interface of the 
alloy interconnect, which have led to increased ohmic resistance [61, 62 63, 37] and spallation 
[64]. Lastly, the ionic conductivity of perovskites is generally too high to slow down the ingress 
of oxygen and egress of chromium [65, 66]. The degree of ionic conductivity is a result of the 
oxygen vacancies which provide a defect free path for ion transport [67, 68, 69]. A new field of 
research has emerged to take advantage of the electronic conductivity mechanism in spinels, 
allowing for charge transfer to occur at high temperature without significant Cr and oxygen ion 
diffusion. 
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 Manganese cobaltite based spinels have proven to be a superior material for protective 
interconnect alloy coatings. Larring and Norby first reported the use of Mn1.5Co1.5O4 (MCO) 
coatings to increase the interfacial contact area between the cathode and alloy interconnect 
and to limit Cr volatilization and Sr-chromite phase formation [53]. MCO was able to form a 
dense adherent layer between the alloy interconnect and cathode to increase charge transfer 
[53]. Relatively dense MCO coatings are achieved using a two-step reactive sintering technique 
of reduction and re-oxidation [53, 59, 70, 71]. (Mn,Co)3O4 based spinels have received the most 
attention because of their phase stability [72], high electronic conductivity [73], matching CTE 
[74], and ability to limit chromia scale growth and Cr volatilization [75, 76] by forming a Cr-rich 
spinel reaction layer (RL) [77]. The performance of the MCO coating degrades with the extent of 
this RL since Cr substitution lowers the conductivity [74] and increases the potential for Cr 
volatilization [78].  
 
1.6 IT-SOFC Degradation Derived from  
Manganese Cobaltite Spinel Coated Alloy Interconnects 
The best performance of an interconnect alloy and coating has been shown to be 
Crofer 22 APU with MCO based spinels. However, the service lifetime with this 
interconnect and coating combination still falls short of the 40,000 hour requirement. 
Megel et al. have recorded the area specific resistance across an interconnect of Crofer 
22 APU coated with an MCO based spinel in SOFC conditions for 12,000 hours [38]. The 
increase in ohmic resistance due to the growth of the chromia scale and Cr-rich spinel RL 
contributed to the degradation of the SOFC stack at a rate of 0.25%/1000 hours. At this 
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rate an 8% drop in voltage would occur at 32,000 hours, making the stack economically 
inefficient [38]. Liu et al. have projected MCO coated Crofer 22 APU interconnects to 
mechanically fail after 15,000 hours due to spallation and delamination with the contact layer 
[41]. The effect of Cr poisoning on the degradation of the SOFC stack has yet to be quantified 
but spinel coatings have successfully reduced Cr volatility by 99% from bare Crofer 22 APU 
during the first 1000 hours [75]. 
 
1.7 Structure of This Thesis 
  In Chapter 2, the reasoning is provided for the selection of Crofer 22 APU to be the 
interconnect alloy of study in this thesis. A literature review is given on the oxidation of Crofer 
22 APU with a focus on the development of the chromia scale. Then the coating materials of 
interest, spinel, is explained in terms of its structure, properties, and interaction with Crofer.  
  In Chapter 3, a study on the effect of the processing parameters necessary for the 
consolidation of MCO coatings and their effect the coating performance is given. 
  In Chapter 4, the cation site occupancy of MCO-based spinels is related to the 
development of spinel reaction layers between interconnect alloys and MCO coatings. 
  In Chapter 5, an investigation on the interaction of pulsed laser deposited MCO films 
with Crofer 22 APU is provided. 
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Chapter 2: Background 
 
2.1 Interconnect Alloy 
2.1.1 Evaluation and Selection of Heat-Resistant Alloys for IT-SOFC Interconnects  
  A comprehensive analysis of the types of alloys that will satisfy the properties necessary 
for IT-SOFC interconnects has been performed in 2003 at the Pacific Northwest National 
Laboratory [79]. In this study, alloys which form chromia and alumina (-Al2O3) scales were 
considered. Alumina forming alloys have a superior oxidation resistance and a lower 
volatilization rate but, the conductivity of alumina is 105-106 times lower than chromia [80]. The 
alumina forming alloys can be used in an 
alternate SOFC design as the structure for 
the repeat units of the stack and as the 
channel for air and gas flow, but not as a 
current collector.  Chromia forming alloys 
are the best candidate for interconnects in 
the conventional IT-SOFC design due to the 
semi-conductive nature of their scale. A 
key focus of this study was determining the minimum content of chromium necessary to form a 
continuous chromia scale in order to reduce cost.   
Figure  2.1: Schematic of alloy design for SOFC 
interconnects [Reproduced from 79]. 
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  The material classes of chromia forming alloys are represented schematically in Figure 
2.1 in a Fe-Ni-Cr phase diagram [32]. All of these materials have a similar oxidation resistance, 
but only the ferritic stainless steel (FSS) and Cr-based alloys have a matching CTE with cell 
components due to their body centered cubic (BCC) crystal structure. The low cost and 
manufacturability of FSS make this material class superior to Cr-based alloys. The researchers at 
PNNL established FSS alloys as the best candidate material for interconnects and set the 
groundwork for future research.  
  Wilem J. Quadakkers, head of the Corrosion Protection Department at the Jülich 
Research Center, has set in motion the development of FSS alloys with properties specific to 
interconnect requirements [81, 82]. Supported by ThyssenKrupp Nirosta and ThyssenKrupp 
VDM, they have made the interconnect material, Crofer 22 APU, commercially available which 
satisfies several of the material requirements. Emphasis was put on the growth and adherence 
of the oxide scales, their contact resistance at service temperature, and their interaction with 
various perovskite-type contact materials. The refined alloy relies on the addition of Mn, La, Ti, 
Si, and Al alloying elements to achieve the desired performance. Crofer 22 APU was first 
released in 2003 and is described in the ThyssenKrupp forum as the answer to the production 
problems and cost factors inhibiting large scale manufacture of SOFCs [83].  
  Implementing the production of Crofer 22 APU involved melting with a narrow 
tolerance in composition and modifying techniques for thermo-mechanical processing of the 
steel, which has poor hot forming properties, to achieve a sheet thickness of 0.5 mm [83]. In 
2002, batch compositions with varied amounts of Mn, Ti, and La were studied and compared to 
similar commercial alloys after oxidation in simulated cathode and anode environments [84]. It 
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is this investigation in which the best alloy composition for the production of Crofer 22 APU was 
determined [84]. The model batch compositions outperformed other commercial high Cr FSSs 
in scale adherence, growth rate, conductivity, and Cr volatility [84]. By finely tuning the oxygen 
active minor alloying constituents, it was found that low amounts of Mn, Ti, and La allowed for 
a controlled growth of the duplex chromia and manganese chromate scale [84]. The specific 
chemical composition chosen is given in weight and atomic percent in Table 2.1 [85]. 
 
Table 2.1: Chemical Composition of Crofer 22 APU. 
 
Fe Cr C P S Mn Ti La Si Al 
      Weight % 73.20 24.00 0.03 0.05 0.02 0.80 0.20 0.20 0.50 0.50 
      Atomic % 71.18 25.07 0.14 0.09 0.03 0.79 0.23 0.08 0.97 1.01 
 
2.1.2 Effect of Alloying Constituents and the Development of Crofer 22 APU 
  An evaluation of how the Cr and the micoalloying components affect the structure and 
properties of FSS has been performed in the following section. Key aspects of the processing 
conditions necessary to incorporate these additives have been considered. The effect of each 
chemical constituent on the performance of FSSs as an interconnect material has also been 
considered. 
 
2.1.2 (a)   Carbon 
  The addition of carbon to ferrite can increase the yield strength up to five times that of 
pure iron by increasing the activation energy necessary for slip [86]. The C occupies the (00
1
2
) 
octahedral position in the BCC lattice by slightly displacing the two nearest Fe atoms, at the top 
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and bottom of the octahedron, and causing tetragonal distortion [86]. Martensite, which has a 
body centered tetragonal structure (BCT), is formed when the C content is high enough and the 
high temperature phase, austenite, is quenched to prevent the precipitation of carbides [86]. 
The limit to carbon solubility in ferrite is 0.022 wt.% C and is found at the eutectoid 
temperature of 727 °C [87]. The equilibrium solubility decreases to 0.005 wt.% C at room 
temperature so FSSs are quenched to retain the ferritic structure [87]. Increasing the carbon 
content beyond the solubility limit may cause the formation of cementite in a pearlite 
microstructure, which would limit the high temperature properties of the FSS [88].  
  Argon-oxygen decarburization and vacuum melting is used to remove excess carbon 
during processing. The concentration of C and N can be reduced to levels of 0.015 wt.%, 
allowing greater amounts of substitutional alloying elements [89]. Several alloying elements 
such as Si, Mo, and Cr are known to expand the solubility limit of C in ferrite [89]. These 
elements are known as ferrite stabilizers.  
  A wide variety of steels and cast irons exploit the properties of ferrite. However, only a 
few commercial steels, such as Crofer 22 APU, are fully ferritic. The applicability of FSSs is 
limited by their mechanical properties. They do have a sufficient ductility, between 20 and 35%, 
and formability to be pressed into the complex shapes of an interconnect [89]. But, strain-
hardening rates of ferrite are relatively low which reduce ductility and prevent strengthening by 
cold working [89]. Typical annealed yield and tensile strengths for ferritic stainless steels are 
240 to 380 MPa and 415 to 585 MPa, respectively [89]. The yield strength and tensile strength 
of Crofer is 291 MPa and 439 MPa [85]. These values are at the low end for conventional FSSs. 
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A way to increase the yield and tensile strengths to 515 MPa and 655 MPa, would be to add 
refractory elements, as in superferritic steels [89]. 
 
2.1.2 (b)   Niobium, Tungsten, and Silicon 
  Minor additions of refractory elements, Nb and/or W, were used to increase the hot 
tensile properties and creep resistance of model alloys with compositions based on Crofer 22 
APU [90]. Additions of 2 wt.% W had no adverse effect on the oxidation behavior whereas 
addition of 1 wt.% Nb increased the growth rate of the oxide scale [90]. The adverse effects of 
Nb were alleviated with suitable additions of Si, which formed Si/Nb-rich Laves phase 
precipitates [90]. The Laves phase precipitates contributed to an increase in creep resistance 
and hot tensile strength [90]. The high-temperature electrical conductivity of the scales were 
slightly affected by Si additions up to 0.42 wt.% [90]. Cross-sectional SEM images through the 
oxidized surface of the Crofer-based substrate showed that SiO2 formed below the chromia 
scale [90].  
  During prolonged oxidation of the commercial grade of Crofer 22 APU, which has a 
controlled amount of Si, there is no evidence of SiO2 development below the scale. Since the 
interconnect must only support the weight of the SOFC stack under static loading, the 
composition of Crofer 22 APU is optimized for its oxidation performance rather than its 
mechanical properties. Therefore, Nb and W have not been added to Crofer 22 APU. Usually, 
minor additions of Si are used as an oxygen getter in the liquid steel prior to casting but the 
addition of Si in Crofer 22 APU seems to serve as a ferrite stabilizer by reacting with C to form 
SiC [91].   
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2.1.2 (c)   Titanium 
  The addition of titanium to ferritic stainless steel alloys has been shown to benefit the 
high temperature characteristics of these alloys for use in SOFC interconnects. TiN precipitates 
can reduce the fractional softening of interconnects at high temperatures by preventing 
recrystallization and recovery of the cold-worked alloy [92]. TiN has a lower solubility in 
austenite than ferrite [92]. During solidification of molten steel, TiN precipitates in the 
austenitic region and is then annealed in the ferritic region [93]. During long term SOFC 
operation, titanium oxide can form and provide a keying effect at the interface of the alloy and 
chromia scale [94]. Titanium oxide can also form at the surface of the chromia scale to reduce 
chromium volatilization [9].  
  The complex multicomponent diffusion of Cr, Mn, and Ti is partly responsible for the 
excellent high-temperature oxidation resistance of Crofer 22 APU. Our observations 
demonstrate that there is a transfer of titanium from the initial TiN precipitates to the fine sub-
scale TiOx particles and to the chromia scale during oxidation at 800 °C. The formation of a 
primary titanium oxide phase on the scale surface is prevented due to the size of the TiN 
precipitates. The large precipitates have a small surface area to volume ratio, limiting 
dissolution and diffusion of titanium to the scale surface. The TiOx phase forms instead, as sub-
scale internal oxides on the dislocations formed during cold rolling, rather than on the grain 
boundaries [96]. This is significant because grain boundary titanium oxides could lead to 
spallation of the chromia scale [30]. 
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2.1.2 (d)   Lanthanum and Phosphorus 
  Minor additions of oxygen reactive elements such as the rare earths La, Y, and Ce have 
been shown to improve the adherence of chromia scales [80, 97]. The effects of these reactive 
elements are well known but the mechanisms by which the scale adherence is improved are 
not well understood [80]. There has not been a published study on effect of La in Crofer 22 APU 
on scale adherence. From the literature it is unclear whether La has an effect on the oxidation 
of Crofer 22 APU.  
  P is known to segregate to the alloy interface below the chromia scale and increase the 
oxidation rate [99, 100]. A proposed mechanism for the increased scale growth rate is that the 
P aids in the transport and annihilation of vacancies which move toward the alloy-scale 
interface and allows cation diffusion to become the dominant mode of oxidation [98]. The 
presence of P in the La/P-rich nodules found in Crofer 22 APU instead of in interstitial sites may 
slow the segregation of P to the surface.  
 
2.1.2 (e)   Chromium and Manganese 
  A minimum of 13 wt% Cr is required to maintain the BCC ferritic structure in the pure 
Fe-Cr system [101]. A lower Cr content enables the formation of the high temperature -phase, 
austenite upon heating as shown in Figure 2.2 [102].  FSSs require 17 wt% Cr to provide 
oxidation and corrosion resistance [103]. As an interconnect, Cr depletion occurs due to 
interaction with the contact paste. Thus, the critical Cr content should be higher, approximately 
22 wt% [103]. However, application of an MCO coating allows a lower alloying content of Cr to 
be tolerated by reducing Cr volatilization. The upper limit is 26 wt% Cr due to CTE mismatch 
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between the FSS and the electrode materials [79]. The CTE of Crofer 22 APU ranges from 10.3 
to 12.7 ppm/K from 250 to 1000 °C [85].  
  The Fe-Cr system is 
complicated by the presence of a 
miscibility gap at lower 
temperatures and the formation of 
several metastable phases at high 
temperatures.  In the composition 
range from 20 to 30 wt% Cr a 
disordered solid solution exists 
with some tendency for chemical 
separation [104]. Embrittlement 
can occur with the formation of Fe-rich 1 and Cr-rich 2 phases at 475°C. SOFCs run at a higher 
temperature but the upper end of the miscibility gap is unclear at this point [104]. 
  Higher Cr and Si contents increase the probability of forming a -phase along grain 
boundaries which causes embrittlement and leads to Cr depletion [102, 104]. The crystal 
structure of the -phase is tetragonal with the space group P42/mnm with the lattice 
constants a = 0.8800 nm and c = 0.4544 nm [105]. Precipitation of the brittle -phase occurs at 
temperatures below 815 °C, which would have a detrimental effect on the oxidation properties 
of the interconnect during SOFC operation [106]. Several ferritic stainless steels that have been 
studied for interconnect applications exhibit the formation of -phase precipitates, although 
Figure 2.2: The Fe-Cr phase diagram with the shaded 
regions indicating the Cr content in Crofer 22 APU and 
the temperature range in which SOFCs operate 
[Reproduced from 102]. 
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Crofer 22 APU does not [102]. The internal stability and controlled surface oxidation of Crofer 
22 APU make this alloy a promising candidate for interconnect applications. 
  The reactions that occur during oxidation at the surface of bare Crofer 22 APU are: 
2 Cr + 2/3 O2 = 
1/2 Cr2O3        (1.12) 
Mn + 1/2 O2 = MnO         (1.13) 
Cr2O3 + MnO = MnCr2O4        (1.14) 
A chromia scale forms first and then a MnCr2O4 scale forms with MnO as an intermediate step. 
The driving force for these reactions is the lowering of Gibbs free energy. The free energy of 
formation for reaction 1.12, 1.13, and 1.14 at 800 °C is -550 kJ/mol, -600 kJ/mol, and -40 
kJ/mol, respectively [107]. Crystal field theory calculations have shown that Mn2+ has a higher 
mobility than Fe2+ and Cr3+ in chromia [108], which supports the mechanism of oxidation 
proposed by Stanislowski et al. whereby rapid transport of Mn2+ to the chromia scale surface 
leads to the formation of MnO which reacts with Cr2O3 to form MnCr2O4 [39].  
  Neal Magdefrau as part of the Aindow Research Group at the University of Connecticut 
has performed the first detailed microstructural and chemical analysis of the effect of the 
chemical constituents in Crofer 22 APU on the development of the duplex chromia and 
MnCr2O4 scale in SOFC simulated conditions [96]. Site selective specimen preparation with dual 
SEM/FIB has allowed the detailed analysis these phases in the TEM and such images are shown 
in Figure 2.3 [96]. The MnCr2O4 phase, indicated in regions 1 and 3, commonly forms polyhedral 
particles at the surface and less frequently forms pockets below the chromia scale [96]. The 
chromia scale, indicated in region 2, has a fine microstructure which completely covers the base 
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alloy [96]. Now that these phases have been identified in the TEM, SEM data of the surface 
oxides on Crofer 22 APU can be easily and correctly interpreted.  
 
 
The chemistry of the oxide phases that form across the surface of Crofer 22 APU are 
shown in Figure 2.4 [96]. The boundary of a ferrite grain is shown around the perimeter of the 
image [96]. The energy dispersive X-ray signal intensity from the Cr, Mn, and O maps along the 
ferrite grain boundary indicates that there is preferential formation of MnCr2O4 at these 
locations [96]. There are also polyhedral MnCr2O4 particles distributed evenly across the surface 
of the ferrite grain [96]. The Ti signal must be coming from the internal TiOx particles because 
there was no Ti signal from cross-sectional EDXS analysis of the scale in the TEM on regions 
such as that shown in Figure 2.4 [96].  
Figure 2.3: TEM data acquired from a FIB-cut cross section through the 
surface of a Crofer 22 APU sample oxidized for 750 h at 800 °C: (a) BF TEM 
image; (b), (c) and (d) SADPs from regions 1, 2 and 3 in (a), respectively. The 
single crystal zone axis patterns in (b) and (d) correspond to a cubic spinel 
phase whereas the spotty ring pattern in (c) is consistent with the corundum 
structure of Cr2O3 [Reproduced from 96]. 
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The surface of the Crofer 22 APU sheets must have a high defect density due to the cold 
rolling process which was necessary to form the sheet metal. After heating to 800 °C there is 
recrystallization and the accumulation of fine ferrite grains in the surface region of the alloy 
[96]. With smaller ferrite grains at the surface, there are a high density of grain boundaries 
from which rapid ion transport can occur during oxidation. Magdefrau et al. have shown that a 
pre-oxidation heat treatment of Crofer 22 APU in Ar at 1050 °C can reduce the parabolic 
oxidation rate of the alloy by two times [96]. In this process, the grain boundary density at the 
surface is reduced as the average ferrite grain size increases from 15.9 m in the as-received 
sample to 248.6 m in the Ar-treated sample [96]. Therefore, the regions in which there is rapid 
transport of ions during oxidation are reduced and thus, the propensity for spallation, described 
in Section 2.2.1, is decreased [96]. Another effect that the pre-oxidation heat treatment has is 
that with a lower grain boundary density, the coverage of MnCr2O4 across the chromia scale is 
increased, which can lower Cr volatilization [96].  
Figure 2.4. SEM data obtained from the surface of a Crofer 22 APU sample 
oxidized for 5 h at 800 °C. The SE image shows the region analyzed and 
the X-ray maps show relative intensities proportional to the local 
composition of each element from quantitative analysis of EDXS data at 
each pixel [Reproduced from 96]. 
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2.2 Chromia 
2.2.1  Spallation 
  Although the growth rate of chromia scales in FSS is rather slow, there are problems 
with buckling and spallation. Concurrent diffusion of O and Cr along the grain boundaries leads 
to oxide growth within the scale. The increase in volume along the grain boundaries leads to 
internal stresses which cause the scale to buckle and spall.  
  The tendency for chromia scales to buckle can be described by the Pilling-Bedworth 
ratio in Equation 1.15. 
          P − B Ratio = 
𝐴𝑂𝜌𝑀
𝑎𝜌𝑂𝐴𝑀
        (1.15) 
Where AO is the molecular weight of the oxide, O is the density of the oxide, AM is the atomic 
weight of the metal, O is the density of the metal, and a is the coefficient for the metal species 
for the overall oxidation reaction described in Equation 1.16. 
           𝑎𝑀 +
𝑏
2
𝑂2 → 𝑀𝑎𝑂𝑏        (1.16) 
The volume per Cr ion in chromia is over twice as large as the volume per Cr ion in Crofer 22 
APU as calculated in Equation 1.17. 
         P − B Ratio =
((2∗51.996 𝑔
𝑚𝑜𝑙
)+(5∗15.999 𝑔
𝑚𝑜𝑙
))∗7.7 𝑔
𝑐𝑚3
2∗5.23 𝑔
𝑐𝑚3
∗((0.23∗51.996 𝑔
𝑚𝑜𝑙
)+(0.88∗55.845 𝑔
𝑚𝑜𝑙
))
 = 2.21          (1.17) 
The ideal P-B ratio is unity. Generally, the compressive stress in oxides with a P-B ratio up to 2 
can be tolerated. However, the compressive stress which develops in chromia on Crofer 22 APU 
is too large causing buckling and eventually spallation.  
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  In SOFC operation, cycling accelerates chromia scale spallation by introducing interfacial 
shear stresses due to thermal expansion mismatch. The CTE of Crofer 22 APU is ≈12 ppm/K 
while that of chromia is an average of 6.5 ppm/K and varies depending on the impurity content 
[85, 109]. The stress that develops can be estimated by Equation 1.18 [109]. 
           𝜎 =
Δ𝑎Δ𝑇𝐸
1−𝜈
           (1.18) 
Where Δ𝑎 is the difference in the scale and substrate CTE, Δ𝑇 is the SOFC operation 
temperature, 𝐸 is the elastic modulus of chromia, and 𝜈 is the Poisson ratio of the scale. The 
stress that develops for chromia on Crofer 22 APU is calculated in Equation 1.19 [109]. 
        𝜎 =
(12−6.5)
𝑝𝑝𝑚
𝐾
∗1073𝐾∗230𝐺𝑃𝑎
1−0.25
= 1.81 𝐺𝑃𝑎        (1.19) 
  The thickness and growth mechanism must be taken into account for an accurate 
estimation of the shear stress that develops, described in Section 2.2.4. 
 
2.2.2  Crystal Structure 
  The scale responsible for the high temperature properties 
of FSS is associated with the mineral eskolaite [110]. The scale is 
more commonly known as -Cr2O3 and is a rhombohedral oxide 
with a corundum structure which has the R3̅c space group [111]. 
The corundum structure consists of an hcp array of oxygen with 
two-thirds of the octahedral sites occupied by chromium [111]. As 
shown in Figure 2.5, there is a layer of vacancies positioned at 
every third octahedral site. The vacancies are considered 
Figure 2.5: The pattern of empty 
and occupied octahedral sites in 
the corundum structure viewed 
along the [010] direction. The 
smaller and larger ions indicate 
Cr and O, respectively 
[Reproduced from Crystal 
Maker]. 
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interstitial sites which take part in the transport of ions through the chromia lattice [111].  
  The formation of chromia scales has been understood through studies of the electronic 
conductivity and the diffusion of tracer ions as a function of temperature and pressure in 
chromia ceramics.  
 
2.2.3  Electrical Conductivity 
  Holt and Kofstad have studied and reviewed the conductivity and defect structure of 
chromia and concluded that chromia behaves as an intrinsic semiconductor at temperatures 
above 1000 °C and an extrinsic semiconductor at temperatures below 1000 °C [112, 113].  
  Values for the band gap in chromia have been reported to be between 2.4 eV and 7.0 eV 
[114]. This wide range of reported values may be due differences in impurity levels in the 
chromia and various atmospheres used in the measurement. Young et al. have suggested that 
chromia is an n-type conductor at low oxygen activities and a p-type conductor near 
atmospheric pressure [114]. At the temperatures in which SOFCs operate the effects from 
impurities dominate making chromia an extrinsic semiconductor [115]. 
  Ti may have an effect on the defect structure of the chromia scale formed on Crofer 22 
APU due to the presence of TiOx precipitates below the scale [96]. For each Cr
3+ ion replaced by 
a Ti4+ ion, the compensating electronic and point defects formed comprise of electrons and Cr3+ 
vacancies. In terms of Kr?̈?ger-Vink notation, electroneutrality is given by Equation 1.20 [116].  
          [𝑇𝑖𝐶𝑟
∙ ] = 𝑛 + [𝑉𝐶𝑟
3′]         (1.20)  
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𝑇𝑖𝐶𝑟
∙  designates the occupation of a Cr site with an effective charge of +1, 𝑉𝐶𝑟
3′ designates a 
vacancy at a Cr site with an effective charge of -3, and n designates the concentration of 
electrons.  
  The solubility of Ti and the concentration 
of electrons is expected to increase with 
decreasing oxygen activity and elicit n-type 
conductivity [116, 117]. The magnitude of the 
conductivity would not be affected by the anode 
environment of a SOFC due to limited solubility 
of hydrogen in chromia. As in Figure 2.6, the 
electrical conductivity of the specimens does not 
change with the partial pressure of H2 [117]. 
Otherwise, the holes produced by dissolution of 
hydrogen would cancel the electron produced by 
the dissolution of Ti [117]. With higher oxygen 
activities a p-type conductivity is observed because Ti4+ substitution is accommodated by Cr 
vacancies instead of electrons. The defect structure has significant consequences on the ionic 
transport properties and results in different oxidations mechanisms in the cathode and anode 
environment of SOFCs [118].  
  There are mixed reports on the conductivity mechanism in chromia as to whether the 
charge carrier is localized to a metal site or delocalized in the conduction band [116, 119, 120]. 
At lower temperatures, electrons and holes can lower their energy by forming polarons in 
Figure 2.6: The electrical conductivity of the 
Cr2O3 + 2 mol% TiO2 specimen as a function of 
the hydrogen at constant oxygen activities at 
temperatures from 400 °C to 1000 °C 
[Reproduced from 116]. 
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polarizable solids. The concept of a polaron was set forth by Landau in 1933 [121, 122]. A 
polaron is a charge, electron or hole, which sits in a potential well from the ionic displacements 
it created. The polaron mechanism is described as ‘small’ because the size of the potential well 
fits inside one unit cell.  
  Iordanova et al. have considered the charge transport through the crystal lattice of 
chromia to be localized for their ab initio electronic structure calculations [120]. They have 
compared values for the electronic coupling with previous work on hematite and found that 
chromia is more ionic in nature due to a smaller overlap between the donor-acceptor sites 
[120]. They have shown that the mobility of holes in chromia along the (001) basal plane is 3 
orders of magnitude faster than the mobility of electrons [120]. This is because the distance 
between Cr2+ and Cr3+ is greater than the distance between Cr4+ and Cr3+.  The larger ionic 
radius of Cr2+ compared to Cr4+ creates a greater polarization which decreases orbital overlap 
and requires a greater activation energy necessary for charge transfer [120].  
 
2.2.4 Chromia Scale Growth  
  The high Cr content in Crofer 22 APU results in a short transient oxidation period with 
minimal oxidation of the base metal [123]. Therefore, steady state oxidation is the dominant 
mechanism in chromia scale growth and can be described by a parabolic rate expression based 
on weight gain. 
Wagner’s theory of oxidation can be used to calculate the growth rate of the chromia 
scale. Firstly, a simple measurement of the weight gain, w, over time, t, across area, A, due to 
the diffusion of oxygen can elicit a value for the gravimetric rate constant, kg.  
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          tk
A
w
g
2)(          (1.21) 
Secondly, this rate constant can be substituted for the parabolic rate constant (kp) for Wagner’s 
theory for the oxidation of metals to solve for the diffusivity of the ions based on the defect 
structure [124].   
 
                      (1.22) 
Where DCr and DO are the self-diffusion coefficients for Cr and O in Cr2O3; c0 and b are 
constants; and P'O2 and P''O2 are the oxygen partial pressures at the atmosphere/oxide scale 
interface and the oxide scale/alloy interface, respectively. 
  At 800 °C and a PO2 = 0.1 atm, the diffusion coefficient of Cr and O along the grain 
boundaries in a chromia scale is 1.1x10-12 and 5.9x10-13 cm2s-1, respectively [125]. At the same 
conditions, these values are significantly higher than the bulk diffusion of Cr and O, which are 
5.9x10-18 and 2.6x10-18 cm2s-1, respectively [125]. With these diffusivity values and the high 
density of grain boundaries in chromia scales, outward grain boundary diffusion of Cr is the 
dominant mechanism of oxidation.  
  Depending on the partial pressure and impurities within the alloy and scale, these 
diffusion coefficient values for Cr and O can vary up to 5 orders of magnitude [125]. Therefore, 
the oxidation rate for chromia-forming interconnect alloys is different in the anode and cathode 
environment [126, 127, 128, 129]. The average oxide thickness formed on Crofer 22 APU 
exposed at 900 °C for 2000 h in dry air, air + 0.1 H2O, and Ar/H2/H2O were 8, 13.5, and 20 m, 
respectively [102]. The increased oxidation rate in the moist air and hydrogen based forming 
gas is due to inward OH- diffusion [130]. 2 mol H2O can react with the outer part of the scale 
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whereby, 2 mol of OH- diffuse inward to the scale/alloy interface and 1 mol H2 (g) release to the 
atmosphere. OH- diffuses through chromia more rapidly than O2- due its smaller ionic radius 
(OH- ionic radius = 0. 95 Å and O2- ionic radius = 1.40 Å) [130]. Once OH- reacts with the metal 
ions at the alloy interface, H2 (g) is formed which penetrates through the substrate and can 
cause embrittlement [131]. Although the moist atmospheres result in an increased oxidation 
rate they can have a beneficial effect on increasing the density and adherence of the scale 
[132]. 
 
2.3 Spinel  
2.3.1 Spinel Crystal Structure 
The structural parameters of the MCO protective coating change during SOFC operation 
due the addition of Cr, Fe, and Ni cations from either Fe- or Ni-based chromia-forming 
interconnect alloys [71]. Substitution of these cations into the MCO spinel lattice results in a 
reaction layer with different properties than the starting coating composition. The crystal 
structure of spinel can be used to explain how a variation in composition will result in a 
property change which is important to understand the degradation of MCO protective coatings.  
The crystal structure of spinel was determined independently by Bragg and Nishikawa 
[133, 134]. The Bravais lattice for the majority of spinel compounds is cF. This non-primitive cell 
is chosen for the cubic crystal system to conveniently describe the position of atoms in the 
structure. The motif is shown in Figure 2.7 and consists of two AB2O4 formula units and makes 
up a total of 56 atoms in the cell with face centering [135]. MCO is known to have a normal 
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spinel structure in which the tetrahedral (A) sublattice is filled with divalent cations and the 
octahedral (B) sublattice is filled with trivalent cations.  
MCO is complicated by the co-existence of a cubic and tetragonal spinel phases at room 
temperature [72]. However, at temperatures in which SOFCs operate, MCO is single phase 
cubic [72]. Also, Cr stabilizes the cubic phase, so the RL that develops between chromia forming 
interconnects and MCO coatings is single phase cubic [136]. Therefore, the symmetry of the 
cubic phase will be considered first. 
The conventional choices for the cubic unit cell origin are on an A site cation, which 
yields a 4̅3m point symmetry, or on an octahedral site vacancy, which yields an m3̅m point 
symmetry [135]. The point symmetry shown in Figure 2.7 is of 4̅3m [135]. The crystallographic 
point group describes the atomic sites which have translational periodicity matching the Bravais 
lattice. The point group, 4̅3m, has a 4-fold rotation and inversion perpendicular to the x-axis, 3-
fold rotation perpendicular to the y-axis, and a mirror plane perpendicular to the z-axis. The 
combination of these symmetry elements will create new symmetry elements that are 
consistent with operations stated. Once this motif is in position with its characteristic point 
group symmetry, the overall space group, d3̅m, can be generated. The d3̅m space group is non-
symmorphic, meaning that there has been a replacement in the set with a screw axis, glide 
plane or both. The replacement here is a diamond glide plane, “d,” in which an example of the 
translation is shown in Figure 2.8 with the simplest motif for the d3̅m space group. The 
diamond glide plane can be seen as it translates the center of the tetrahedron from (1/4,
1/4,
3/4) 
to (3/4,
1/4,
1/4). The same translation, which is parallel to the face diagonal, can be applied to the 
white and shaded octants and result in the spinel structure.  
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  The tetrahedrally coordinated cations are located at the 8a positions and form a 
diamond cubic sublattice, shown in Figure 2.8, with a repeat unit equal to the lattice parameter. 
The octahedrally coordinated cations are located at the 16d positions. The overall cation 
sublattice has the same structure as the MgCu2 C15 Laves phase [137, 138]. The repeat unit of 
the anion sublattice is the same in each octant as shown in Figure 2.7 [135]. 
 
 
The anion sublattice forms a pseudo-cubic close-packed (CCP) arrangement, in which 
the distortion of the anions from their ideal CCP positions is described by the oxygen deviation 
parameter, 𝑢43̅𝑚 [135]. The anions are displaced in the direction of the body diagonal as shown 
in Figure 2.9 [135]. The degree of distortion of the anion lattice is based on the size of the 
Figure 2.7: The spinel unit cell is made up of a motif of 
two octants which are translated along the diamond 
glide plane and repeat with the pattern indicated by the 
shading in the other octants. Atom positions are shown 
for the motif only. One A-site in the motif is not visible in 
the drawing; it is on the center of the base of the cubic 
unit cell. [Reproduced from 135]. 
Figure 2.8: Diamond cubic structure 
illustrating a simple basis of a tetrahedron 
and the diamond glide plane which 
translates the basis [Reproduced from 
Crystal Maker]. 
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cations distributed on the A and B sites. There is a simple relationship in the oxygen deviation 
parameter when considering the origin reference point for the spinel unit cell to be either 43̅𝑚 
or 3̅𝑚 [135].  
𝑢43̅𝑚 = 𝑢3̅𝑚 +
1
8
          (1.23) 
The ideal CCP anion arrangement corresponds to 𝑢3̅𝑚 = 0.25 [135]. 
The tetragonal unit cell is described by the 
Bravais lattice tI. The body centered tetragonal 
(BCT) unit cell is related to the face centered (FCC) 
unit cell by atetragonal = btetragonal = acubic/√2 = bcubic/√2 
[141]. The tetragonal spinel phase, with the space 
group I4Imd, has half the number of atoms as the 
cubic spinel phase with the space group, Fd3̅m. 
Thus, a direct comparison can be made between 
half of the cubic unit cell volume and the tetragonal 
unit cell volume. Comparing the two phases in MCO, 
MnCo2O4 (a
3/2 =  286 Å3 ) and Mn2CoO4 (a
2c = 301 Å3), the tetragonal phase occupies a larger 
volume per atom than the cubic phase due to lattice distortion in the c-direction by Jahn-Teller 
effect of Mn substitution on the B sublattice [141].  
 
 
 
 
Figure 2.9: Schematic drawings of lattice 
surroundings and nearest neighbors for (a) the 
tetrahedral A-site (8a), [Reproduced from 135]. 
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2.3.2 Phase Separation 
2.3.2 (a)   MCO Spinel                 
The lattice parameter of the cubic phase is shown to increase with Mn substitution from 
Mn0.07Co2.93O4 to Mn1.22Co1.78O4 in Figure 2.10 [142]. The lattice parameter across the single 
phase cubic region ranges from a = 8.107 Å for Mn0.07Co2.93O4 [143] to a = 8.318 Å for 
Mn1.22Co1.78O4 [142]. The sintering process, conventional or spark plasma sintering, has little 
effect on the crystal cell parameter values [142].  
With further Mn substitution, a two 
phase equilibrium exists at room 
temperature. A tetragonal phase of high Mn 
content forms and a cubic phase of high Co 
content forms. Co-refined structural 
parameters from X-ray and neutron 
diffraction data have indicated that the two 
phase spinel mixture, when x = 1.5 in Mn3-
xCoxO4, consists of 40 % Mn2Co1O4 and 60 % 
Mn1.66Co1.34O4 [141]. Overlap of the characteristic X-ray reflections in these two phases has led 
to an obvious inaccurate measurement in the mass fraction, indicating a greater content of Mn 
than the average composition of the precursors used to prepare the powder sample. Thus, 
there has yet to be a reliable published study on the composition and distribution of the 
equilibrium phases formed upon cooling MCO ceramics from sintering temperatures.  
Figure 2.10:  XRD patterns for the Mn3-xCoxO4               
0.98 < x < 2.93 ceramics. As Co substitutes in the A site 
for Mn there is a tetragonal to cubic transition and 
then a decrease in lattice parameter. Reproduced 
from [142]. 
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Activity calculations by Aukrust and Muan have shown at sintering temperatures, MCO 
spinel is single phase cubic and that at lower temperature two phases can exist in equilibrium 
[72]. Based on the phase diagram presented by Aukrust and Muan, annealing at 650 °C may 
give a more accurate evaluation of the segregation effects in MCO spinel. The phase 
segregation effects are correlated to the cation site preference of the Mn and Co cations.  
 
2.3.2 (b)   Cr- and Fe-Substituted MCO Spinel 
  In MnxCo1Cr2-xO4, the tetragonal/cubic phase region extends from x = 1.1 to 1.2 and in 
MnxCo1Fe2-xO4, extends from x = 1.25 to 1.55 at 950°C [150]. The high temperature spinel phase 
field for Cr substituted MCO is limited to thin region connecting the cubic compounds MnCr2O4 
and CoCr2O4 while deviation from this region would cause either the formation of Cr2O3 or 
(Mn,Co)O [77]. Higher Fe contents increase the susceptibility for FeO formation which limits the 
use of Fe3O4 for high temperature applications. The segregation of tetragonal and cubic spinel 
phases is due to the tendency of Mn3+ to cluster and form domains [151].  
 
2.3.3 Conditions for Stability 
2.3.3 (a)   Electroneutrality 
For the spinel structure to be stable, the conditions for electroneutrality must be met. 
For electroneutrality, the combined charge of cations must equal the combined charge of the 
anions. There are several types of spinels which satisfy the electroneutrality condition with 
cations having a different oxidation state, such as 0-3, 1-3, 2-3, 4-2, 2-5, and 6-1 [152]. MCO is 
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known to be of the 2-3 normal spinel type because the oxidation state of the cations on the A 
sublattice are mainly divalent and the cations on the B sublattice are mainly trivalent.  
 
2.3.3 (b)   Gibbs Energy Minimum 
The equilibrium distribution of the cation species across the A and B sublattice is 
reached at a Gibb’s energy minimum. The stability of the cations in the A and B sublattices 
depends on the internal energy (U), pressure-volume (PV) contribution, and temperature-
entropy (TS) contribution.  
G = H – TS = U + PV – TS        (1.24) 
 U is comprised of the electrostatic energy, UE, the Born repulsion energy, UB, and the crystal 
field stabilization energy, Ue. 
U = UE + UB + Ue         (1.25) 
 
2.3.3 (c)   Coulomb Energy 
The largest contribution to G, is from the Coulomb energy, UE. UE can be obtained from 
the heat of vaporization of a crystal plus the energy necessary to separate the vapor molecules. 
In Equation 1.23, the oxygen parameter is buried in terms of the Madelung constant, M [153].  
U𝐸 =
𝑁𝑒2𝑀
4𝜋𝜀0𝑎
         (1.26) 
e is the charge of an electron, N is the moles of ion pairs, 𝜀0 is the vacuum permittivity, and a is 
the lattice parameter. Thus, the oxygen parameter is related to the average charges of the 
cations in the A and B sublattice using Equation 1.24 which was developed by Thompson and 
Grimes [154]. 
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𝑀 = 𝛼1𝑄𝐴
2 + 𝛼2𝑄𝐴𝑄𝐵 + 𝛼3𝑄𝐵
2 + 𝛼4𝑄𝐴𝑄𝑂 + 𝛼5𝑄𝑏𝑄𝑂 + 𝛼6𝑄𝑂
2    (1.27) 
QA, QB, and QO are the average charges on the A, B, and O sites; 1, 2, and 3 are constants; 
and 4, 5, and 6 are functions of the oxygen parameter. This relationship between the oxygen 
parameter, 𝑢3̅𝑚, and the Madelung constant has been plotted by O’Neil and Navrotsky and is 
shown in Figure 2.11 [140].  When the oxygen parameter is below 2.555, a 2-3 normal spinel is 
favored and above 2.555 a 2-3 inverse spinel is favored [153]. Higher values of M correspond to 
the more stable spinel type by leading to a more negative Coulomb energy. 
For Cr and Ni substituted spinels, 𝑢3̅𝑚 is 
between 0.259 and 0.262 [136]. The Fe 
substituted spinels have a lower range of 𝑢3̅𝑚 
values between 0.256 and 0.259 [150]. The large 
Fe3+ cations on the B site, increase the size of the 
octahedra, and therefore displace the oxygen 
ions along the body diagonal towards the ideal 
CCP position of 0.25. A comprehensive study on 
the range of 𝑢3̅𝑚 values verse cation distributions 
confirm that these spinel compounds have mixed 
valency across the A and B sites [135].  
 
2.3.3 (d)   Born Repulsion Energy 
 The simplified expression for the Born repulsion energy is:  
           U𝐵 =
𝑁𝐵
𝑟𝑛
          (1.28) 
Figure 2.11: Madelung constant (M) versus the 
crystallographic oxygen parameter 𝑢3̅𝑚 for 
normal and inverse 2-3 spinels and normal 2-4 
spinels. Inverse 2-4 spinels have the same 
charge distribution and therefore the same 
Madelung constant as normal 2-3 spinels. 
[Reproduced from O’Neil]. 
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Where N is the moles of ion pairs, B is a constant, and rn is the distance between the ion pairs in 
which the power, n, can be between 6 and 12. A full representation of this expression is given 
by Pollert [152]. 
 
2.3.3 (e)   Crystal Field Stabilization Energy 
 Ue can be a significant factor in deciding the stable cation distribution for transition 
metal spinels. When cations from the d-group are inserted into the crystal field their orbitals 
are split in order to lower the degeneracy. The magnitude of splitting is given by the crystal field 
splitting parameter, Dq, which is determined from the FTIR absorption spectrum with the aid of 
crystal field theory (CFT) [155]. Splitting in the tetrahedral field results in t2g and eg orbitals of 
high and low energy, respectively [156]. Splitting in the octahedral field also results in t2g and eg 
orbitals, but their order is reversed with low and high energy, respectively [156].  When the 
crystal field is less than the correlation effect, Hund’s rule is preserved and the cation takes the 
high spin state, as for Mn3+, and can lead to the distortion along the prolate axis described in 
Section 2.3.6 [152]. A stronger crystal field results in a low spin state as for Co3+ (3d6) and Ni3+ 
(3d7) and can distort the crystal along the oblate axis [152]. 
 The CFSE is the stability that results from putting electrons in the lower energy orbitals 
which arose from the splitting of the d-orbitals. The difference between the CFSE for a cation in 
the octahedral and tetrahedral coordination is known as the octahedral site preference energy 
(OSPE) [157]. The OSPE can be used to calculate the inversion parameter for simple binary 
spinels [157]. However, when the OSPE for both cations in the binary spinel are small, the 
Madelung energy is necessary to calculate the site occupancy [158].  
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2.3.3 (f)   Elastic Energy 
Considering the PV contribution, the 
cations must be of adequate size to fill the 
relevant holes for spinel generated by the FCC 
anion lattice. With the hard sphere model using 
1.40 Å as the anionic radius, the radius of the 
tetrahedral and octahedral holes is 0.31 Å and 
0.58 Å, respectively [152]. The FCC structure is 
distorted when cations of a different size fill the 
interstitial sites. The ionic radius of the cations 
relevant to MCO protective coatings and the RLs 
that form are given in Table 2.3. Correspondingly, 
the formulae necessary to calculate the volume 
of the spinel structure based on the cationic radii 
and composition are given in Section 2.3.5. 
Considering the radius ratio rule, all of these cation combinations satisfy the constraint of .732 
≥ rc/ra ≥ .414 and could result in a stable structure [159].  
 
2.3.3 (g)   Configurational Entropy 
 The TS factor contributes to the disorder of cations from the equilibrium cation distribution. 
Navrotsky and Kleppa have shown that the temperature dependence of disorder relies solely 
on the configurational entropy [160]. This is the entropy assigned to the exchange of cations 
Figure 2.12:  The dependence of the 
configurational entropy in spinels on the 
degree of inversion [Reproduced from 160]. 
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between the tetrahedral and octahedral sites. The standard thermodynamic assessment of con-
figurational entropy, SC, assuming a completely random mixing of ions is given by: 
𝑆𝐶 = −𝑅 ∑ 𝑏
𝑠 𝑁𝑖
𝑠 ln 𝑁𝑖
𝑠             (1.29)     where 𝑁𝑖
𝑠 is the fraction of species i in site s, 
and 𝑏𝑠 is the number of s sites per formula unit [160]. For the formula unit AB2O4, this may be 
evaluated as: 
𝑆𝐶 = −𝑅[𝑥 ln 𝑥 + (1 − 𝑥) ln(1 − 𝑥) + 𝑥𝑙𝑛 (
𝑥
2
) + (2 − 𝑥) ln (1 −
𝑥
2
)]    (1.30) 
where x is the inversion parameter [140]. The variation of the configurational entropy for a 
simple binary spinel is shown in Figure 2.12 [160]. 
 
2.3.3 (h)   Interchange Enthalpy 
 For a normal spinel the exchange of cations from their equilibrium sites is given by the 
reaction: 
𝐴 + [𝐵] → [𝐴] + 𝐵         (1.31) 
where the cations in the octahedral site are bracketed [140]. Considering the entropy released 
from the disorder of a normal spinel, the reaction involving one divalent A cation from the 
tetrahedral sublattice and two trivalent B cations from the octahedral sublattice is shown in 
Equation 1.32.  
𝐴1−𝑥𝐵𝑥[𝐴𝑥𝐵2−𝑥]𝑂4         (1.32) 
At high temperatures the thermal energy acts against the internal energy and the PV 
contributions. In doing so, the value of the disorder/inversion parameter, x, will increase 
starting from a normal spinel and decrease starting from an inverse spinel.  
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The change in free energy on disordering 
is given by: 
G = U − TS + PV             (1.33) 
where S is comprised of the configurational and 
non-configurational entropy and V is sufficiently 
small enough to ignore [160]. 
Under equilibrium conditions, 𝛥𝐺 = 0, the 
interchange enthalpy can be simply represented 
as:  
H = U = TSC             (1.34) 
where SC is the configurational entropy [160]. 
At equilibrium the rate of change in the 
free energy with disorder parameter is zero. This 
condition is represented by Equation 1.35 [140].  
𝜕𝛥𝐺
𝜕𝑥
 = 0          (1.35) 
Combining Equations 1.33 and 1.34 and carrying out the differentiation given in Equation 1.35 
gives the equilibrium constant, K [140]. 
𝐾 =
[𝐴]𝐵
𝐴[𝐵]
= 𝑥
2
(1−𝑥)(2−𝑥)
       (1.36) 
Measurements of inversion parameter, x, as a function of temperature have been compiled by 
Navrotsky and Kleepa [160]. A linear fit to this data provides the interchange enthalpy, H, 
from the slope and demonstrates by the location of the y-intercept that the non-configurational 
Figure 2.13:  Three examples which show the 
calculation of the interchange enthalpy H
0
 
from the slope and that the non-configurational 
entropy S
0
 = 0 [Reproduced from 160]. 
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entropy, SD, equals zero [160]. In Figure 2.13, three plots of this this data are shown which 
convey this trend [160].  
 
2.3.3 (i)   Site Preference Energy 
  Navrosky and Kleppa have found a way to distinguish the enthalpy released from an 
individual cation from the enthalpy released in the interchange of cation pairs over the A and B 
sublattice [160]. They start with the enthalpy released in the conversion of -Al2O3 to -Al2O3 
which is due to just Al ion transfer from an A site to a B site [160]. In the structural 
transformation of alumina, there is an exchange of 0.25 mol Al2+ in the A sublattice to Al3+ in the 
B sublattice [160]. In this reaction 10.6 kcal/mol is released and is considered as the octahedral 
site preference energy (OSPE) [160]. They then calculate the interchange enthalpy of several 
binary spinel aluminates and use the OSPE of Al3+ in each case to calculate the individual OSPE 
of the other cations [160]. An example of this calculation is given for MgAl2O4, where the 10% 
of the Mg2+ on the A sublattice exchange with Al3+ on the B sublattice and release 0.9 Kcal of 
energy [160]. Therefore, 
       H = -0.9 kcal/0.1 mol = -9 kcal/mol        (1.37) 
                  OSPE Mg2+ = H – OSPE Al3+        (1.38) 
      -9 kcal/mol – (-10.6 kcal/mol Al3+) = 1.6 kcal/mol Mg2+     (1.39) 
By thermodynamic convention an exothermic reaction is given a negative sign. The OSPE for 
Al3+ is negative because energy is released when occupying the B sublattice and the OSPE for 
Mg2+ is positive because it takes energy to occupy the A sublattice [160]. This OSPE for Mg2+ and 
many others can be read off the diagram in Figure 2.14 [160]. 
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  For the chemical species relevant to MCO protective coatings and the RLs that form, Cr3+ 
has the most negative OSPE followed by Mn2+ and Ni2+ [160]. The positive OSPEs for Mn2+ and 
Co2+ indicate that these ions prefer the A sublattice [160]. The OSPE for Fe2+ is roughly zero 
while the OSPE for Fe3+ is positive which explains why Fe3O4 is an inverse spinel [160].  
   
2.3.4 Cation Site Occupancy in Spinel 
  With this description of the parameters which affect the cation site occupancy in spinel, 
an overview of several studies which measure the cation site occupancy in MCO protective 
coatings and the RLs that form are given. 
 
 
 
 
Figure 2.14:  Empirical site preference energies for some divalent 
and trivalent cations in the spinel structure [Reproduced from 
Navrosky and Kleppa]. 
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2.3.4 (a)   Manganese Cobaltite 
With Co substitution in the binary spinel, Mn3-xCoxO4, for x = 0 to 1, Mn
2+ is progressively 
replaced by Co2+ on the A sublattice [73]. When x = 1 the crystallochemical formula is (Co2+) 
A(Mn
3+
2)BO4 [73]. Further addition of Co goes into the B site as Co
2+ and CoIII by replacing Mn3+ 
and partially oxidizing Mn3+ to Mn4+ [73]. The trend of Co substitution can be seen in Figure 
2.15; starting from x = 0, Co substitutes completely into the A sublattice, and then from x = 1 Co 
substitutes into the B sublattice [73]. As the cobalt content in the B sublattice increases, a shift 
from the tetragonal to cubic lattice occurs [73]. The reason for the shift from a tetragonal to 
cubic structure is explained in Section 2.3.6. The tetragonal to cubic transition point indicated in 
Figures 2.15 and 2.16 at x = 1.78 is presented for simplicity and is actually the transition from 
two phase cubic and tetragonal to mostly cubic spinel [73].  
The lattice and the oxygen displacement parameter have been shown to mostly depend 
on the content of cations on the B sublattice due to the range of possible ionic radii [161]. The 
ionic radii of the cations that go into the B sublattice are: (Mn3+ = 0.065nm > CoIII = 0.053 nm), 
(Co2+ = 0.073 nm > CoIII = 0.053 nm), and (Mn4+ = CoIII = 0.053 nm) [161]. For both the reaction 
Mn3+ → CoIII and the reaction Mn4++ Co2+ → 2CoIII, the cations on the B sublattice are 
substituted with cations of a smaller radius [161]. This cation exchange explains the decrease in 
the lattice parameter, shown in Figure 2.16, as the unit cell contracts to compensate for the 
smaller cations [73]. Bordeneuve et al. have shown that an increase in Co causes an abrupt 
drop in the oxygen deviation parameter as the structure shifts from tetragonal to cubic [162]. 
As the Co content increases from x = 1.78 to 3 the oxygen deviation parameter is displaced 
further from its ideal position [162].  
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2.3.4 (b)   Nickel Substituted MCO Spinel 
  Ni-substituted MCO spinels have a similar chemistry to the RL that forms on nickel-
based superalloys and a modified interconnect coating composition with Ni as an additive 
which may have enhanced performance. The Ni substitution process is quite complex since Ni2+ 
is the stable oxidation state on the B sublattice. First, the cation site occupancy of binary Ni-
spinels are considered to make sense of the Ni substitution process.   
  XRD data for Co3-xNixO4 indicate that single phase cubic spinel is formed up to x = 1 
[163]. In industry, the composition of Ni-spinel used for negative temperature coefficient 
thermistors, does not exceed x = 1 because the formation of a Ni-rich rocksalt structure, 
tetragonal spinel, and cubic spinel results in unreliable electrical resistance measurements 
[163]. Substitution of Ni into the binary spinel structure was defined by the parameter, x, and 
Equation 1.39 [163].  
         (Co2+)A(Ni
2+
xCo
3+
2-2xCo
4+
x)BO
2-
4        (1.39) 
Figure 2.15. Variations of the cobalt concentrations 
on the A and B sites for Mn3-xCoxO4 ceramics. 
[Reproduced from 73] 
Figure 2.15. Cell variation of Mn3−xCoxO4 
ceramics, with 0 ≤ x ≤ 3, determined from 
neutron diffraction measurements. X-ray data is 
showed for comparison [Reproduced from 73]. 
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Therefore, substitution of Ni into Co3O4 occurs in the B sublattice by replacing Co
3+ and 
maintaining electroneutrality by oxidizing an equivalent number of Co3+ to Co4+ [163]. This 
substitution mechanism explains the linear variation in the lattice parameter for Co3-xNixO4 
from x = 0 to 1 with corresponding values of 8.080 Å to 8.119 Å [164]. 
  In the binary spinel, Mn3-xNixO4, the substitution of Ni into Mn3O4 is similar to the 
process that occurs with Co3-xNixO4 with Equation 1.39 [165]. For x = 0 to 1, Ni
2+ has been 
shown to substitute into the B sublattice by replacing Mn3+ and oxidizing an equivalent number 
of Mn3+ to Mn4+ to maintain electroneutrality [165]. As with all spinels, increased temperature 
results in cation disorder. For the composition, Mn2Ni1O4, up to 9% of the A sublattice can be 
filled with Ni2+, which lowers the resistivity significantly [165].  
  There is a distinct difference in the substitution mechanism which occurs at x = 1. 
Electroneutrality is maintained with Ni substitution in Mn3O4 up to x = 1 with the oxidation of 
Mn3+ to Mn4+ [166]. All of the Mn3+ is converted to Mn4+ at x = 1 and with further Ni 
substitution electroneutrality is maintained by the oxidation of Mn2+ to Mn3+ on the A 
sublattice. The substation process for x > 1 is shown in Equation 1.40 [166].  
        (Mn2+(3-2x)Mn
2+
(2x-2))A(Ni
2+
xMn
4+
2-x)BO
2-
4       (1.40) 
The effect of the change in cation substation mechanism on the lattice parameter is shown in 
Figure 2.17 [166].  
  Yokoyama et al. have studied the cation site occupancy in ternary (Mn,Co,Ni)3O4 spinels 
to better understand the effect of composition on the electrical conductivity [166, 167, 168, 
169]. The cation distribution in this ternary spinel is even more complex than the binary spinels 
and requires the formulation of three separate Equations, shown in Table 2.2, to describe the 
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substitution mechanism [167]. The composition ranges in which these three Equations apply 
are shown in Figure 2.18 where there is a slight deviation from Vegard’s law at x = 0.5 and 0.84 
[167]. The cation distribution at points A through G, in Figure 2.18, were used to derive the 
three Equations using structure calculations [167, 168].  
 
  From the oxidation states of the cations described by these Equations, it was found that 
the conductivity dependence on composition was related to the ratio of Mn3+ to Mn4+ cations 
on the B sublattice disorder parameter, , given in Equation 1.44 [167].  
         δ =  Mn3+ ∙ (1 −
Mn3+
Mn3++Mn4+
)       (1.44) 
This conductivity dependence must be due to the ability of Mn to switch between oxidation 
states effectively lowering the activation energy necessary for polaron transport [169]. 
Specimens A and B were found to be n-type semiconductors because there is a greater amount 
of Mn3+ than Mn4+ [167]. Specimens C through G were found to be p-type semiconductors 
Figure 2.17: Lattice constant as a function of x in 
Mn3−xNixO4 ceramics for 0.8 ≤ x ≤ 1.2, determined 
from X-ray diffraction measurements and bond 
valence sum calculations. [Reproduced from 
166]. 
Figure 2.18: Lattice constant as a function of x in 
Mn2−xCo2xNi1-xO4 ceramics for 0 ≤ x ≤ 1, determined from 
X-ray diffraction measurements and bond valence sum 
calculations. [Reproduced from 167]. 
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because there is a greater amount of Mn4+ than Mn3+ [167]. In this series of Ni-substituted 
MCO, the highest conductivity observed is in the composition range 0.5 ≤ x ≤ 0.84 [167]. In this 
composition range the number of charge carriers is maximized and it is probable that in the B 
sublattice a Mn4+ cation will have at least one of the 6 B site nearest neighbors occupied by a 
Mn3+ cation to allow for hole transport. 
 
Table 2.2. Cation distributions in Mn2−xCo2xNi1-xO4 ceramics [Reproduced from 167]. 
Composition Range Equations 1.41, 1.42, and 1.43. 
0 ≤ x ≤ 0.5   (Co21.16xMn
2+
1-1.16x)A(Ni
2+
1-xCo
3+
0.84xMn
4+
1-xMn
3+
1.16x)BO
2-
4 
0.5 ≤ x ≤ 0.84   (Co2+0.08+xMn
2+
0.92-x)A(Ni
2+
1-xCo
3+
x-0.08Mn
4+
1-xMn
3+
 x+0.08)BO
2-
4 
0.84 ≤ x ≤ 1   (Co2+0.5+0.5xMn
2+
0.5-0.5x)A(Ni
2+
1-xCo
3+
1.5x-0.5Mn
4+
1-xMn
3+
0.5x+0.5)BO
2-
4 
 
2.3.4 (c)   Iron Substituted MCO Spinel 
  Cation site occupancy studies on Mn ferrite spinel have shown that Mn substitution in 
MnxFe3-xO4 occurs preferentially on the A sublattice according to Equation 1.45 from x = 0 to 1 
[170, 171]. 
         (Mn2+xFe
3+
1-x)A(Fe
2+
1-xFe
3+
1+x)BO
2-
4       (1.45) 
The substitution of Mn2+ into the A sublattice of Fe3O4 may be due to Mn
3+ having an 
unfavorable symmetry to occupy the B sublattice. Fe2+ substitution on the B sublattice creates a 
trigonal distortion along the [111] direction, which acts to compress the unit cell acting against 
the tendency for Mn3+ substitution to expand the unit cell [172]. 
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  Cation site occupancy studies on Co ferrite spinel have shown that Co substitution in 
CoxFe3-xO4 occurs preferentially on the B sublattice according to Equation 1.46 from x = 0 to 1 
[152].  
          (Fe1)A(CoxFe
2+
1-xFe
3+
1)BO
2-
4       (1.46) 
Co2+ has a similar effect with trigonal distortion compared to Fe2+ and may satisfy the elastic 
constraints for substitution in the B sublattice [151]. Another reason Co may substitute directly 
into the B sublattice of Fe3O4 is that charge compensation is not necessary for the replacement 
of Fe2+ with Co2+ on the B sublattice. Substitution of Co greater than x = 1, occurs preferentially 
on the A sublattice due the large ionic radius of the Co2+ cation and the ability for the A 
sublattice to accommodate larger cations [152]. 
  Co-refinement of neutron and X-ray diffraction data taken at 950 °C for Mn1Co1Fe1O4 
has also shown that Mn substitutes on the A sublattice and Co substitutes on the B sublattice. 
The crystallochemical formula for Mn1Co1Fe1O4 is (Mn0.44Co0.02Fe0.54)A(Mn0.56Co0.98Fe0.46)BO4 
[150]. The measured cation distribution in these studies is not consistent with the site 
preference enthalpy for each of these cations [160].  
  Configurational entropy cannot be used to explain the difference in measured cation 
site occupancies for with their cation site preference [173]. It is possible that the lattice 
measurements made by Benard et al. were not accurate enough to determine the cation site 
occupancy [150]. The accuracy of the lattice parameter calculations was ± 0.005 Å and there is 
only a deviation of 0.08 Å across the composition range from CoFe2O4 (a = 8.39 Å) to CoMn2O4 
(a = 8.47 Å) [150]. 
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2.3.4 (d)   Chromium Substituted MCO Spinel 
Cation site occupancy studies on Cr-containing spinel have all concluded that Cr prefers 
the B sublattice. However, in one study the calculated x-ray diffraction intensities for 
Mn1Co1Cr1O4 have been reported to best match experimental results for the cation distribution, 
(Mn2+)A(Co
3+Cr3+)BO4 [174]. This result is contrary to other experiments where Mn prefers the B 
sublattice and Co prefers the A sublattice in (Mn,Co,Cr)3O4 [136, 152]. The measured lattice 
parameter was 8.34 ± 0.02 Å and oxygen parameter, 𝑢3̅𝑚, was 0.261 ± 0.002 [174]. The 
precision in the reported lattice parameter measurement is too low to make a confident 
assessment of the cation distribution [174]. The lattice parameter and oxygen parameter make 
a better match by considering Co2+ and Mn3+ to occupy the A and B sites, respectively.  
 
2.3.5   Calculation of Oxidation States of Cations in Spinel 
The oxygen parameter can be calculated with Equation 1.47, where R is given in 
Equation 1.48 as the ratio of the octahedral and tetrahedral effective cation radii [135]. The 
effective cationic radius is defined as the sum of the ionic radii of the cation and anion. The 
distribution of chemical species across both the A and B sublattices results in an average ionic 
radius for each sublattice. Equation 1.49 and Equation 1.50 describe the average ionic radii of 
the cations on the A and B sublattice in disordered spinels, where x indicates the degree of 
inversion from 0 to 1 [135]. 
𝑢43̅𝑚 =
1
2
𝑅2−
11
12
+(
11
48
𝑅2−
1
18
)1/2
2𝑅2−2
       (1.47) 
 
𝑅 =
R𝐵+R𝑂
R𝐴+R𝑂
          (1.48) 
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𝑅𝐴 = (1 − 𝑥)𝑅𝐴
2+ + (𝑥)𝑅𝐴
3+       (1.49) 
𝑅𝐵 = (0.5𝑥)𝑅𝐵
2+ + (1 − 0.5𝑥)𝑅𝐵
3+     (1.50) 
Values for the ionic radii have been compiled and published by Shannon [139]. 
However, these values rely on data from several structures and have been found to give certain 
systematic differences when calculating the lattice and oxygen parameters for spinel by Hill et 
al [175]. O’Neil and Navrotsky have determined ionic radii values based only on data from 
spinel in which the oxidation states of the cations and the cation site occupancy was 
unambiguously known [140]. The ionic radii values have been obtained by a process of 
adjustment in increments of 0.005 Å using Equations 1.51 and 1.52 until there was an optimum 
match of the lattice parameters for a set of 66 spinel compositions to their experimentally 
measured lattice parameters [140]. The ionic radius of oxygen, RO, was considered to be 1.38 Å. 
The results of this analysis are shown in Figure 2.19 [140].  
R𝐴 = 𝑎√3 (𝑢 −
1
4
) − R𝑂    (1.51) 
R𝐵 = 𝑎√2[(𝑢 −
3
8
)2 + (
5
8
− 𝑢)2]−R𝑂   (1.52) 
As seen in Figure 2.19, the calculated effective cationic radii yield discrepancies which 
makes accurate calculations of the cation distribution based on the lattice parameter difficult 
[140]. The effective cationic radii presented by O’Neil and Navrotsky for the relevant chemical 
constituents in the reactions layers developed between alloy interconnects and MCO coatings is 
shown in Table 2.3 [140]. As larger cations are substituted onto the A sublattice, the oxygen 
ions displace along the [111] direction, causing the tetrahedra to expand at the expense of the 
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octahedra. Therefore, the bond lengths of the A and B sites determine the aspect ratio of the 
unit cell. 
 
 
 
 
The amount of mixing on the B sublattice is difficult to calculate with precision due to 
the small variation in lattice parameter with the possible alternate oxidation states, Mn4+ and 
Co2+ [161]. With a variance in the measurement of peak position by ±0.02°, the precision in the 
measurement of the lattice parameter is ±0.005 Å. Combined with the variance in reported 
data for the effective cation radii measured in spinels [140, 166], there is too much uncertainty 
in the calculation of the cation site occupancy. The radii must depend on the composition of the 
spinel and therefore cannot be used to accurately determine the cation distribution. Lattice 
parameter calculations based on the average radii can however, be used to check the general 
site preference of cations in spinel.  
Table 2.3: Ionic radius (Å) for the 
chemical constituents found in the 
reaction layers formed between MCO 
and interconnect alloys. [Reproduced 
from 140]. 
 
Charge Mn Co Cr Ni Fe 
A Site (RA) 
2+ 0.655 0.580 
 
0.565 0.615 
3+ 
  
0.615 
 
0.485 
B Site (RB) 
2+ 
 
0.720 
 
0.690 0.740 
3+ 0.645
 
 
0.615 
 
0.645
 
III 
 
0.530 
 
0.560 
 
4+ 0.53 
    
Figure 2.19: Histogram showing the differences 
between experimentally measured lattice 
constants (a) and the lattice constants obtained 
from the calculated ionic radii. [Reproduced 
from 140]. 
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2.3.6 Jahn-Teller Distortion 
The valency of the cations present in the MCO-based spinels can be evaluated with the 
critical concentration of Jahn-Teller ions necessary to cause a tetragonal phase transformation 
[176]. The Jahn-Teller effect is due to the lowering of energy by removing orbital degeneracy 
[156]. This distortion effect is described by the crystal field splitting parameter, Dq, and the 
highest value in spinels is observed for Mn3+ ions in octahedra [155]. For MCO, a molar content 
of 1.25 Mn on the B sublattice of which 1.1 is Mn3+ is necessary for tetragonal extension of the 
unit cell, where c > a [155]. At the transition point, Mn1.25Co1.75O4, a cation mole fraction of 0.15 
Mn must take the Mn2+/Mn4+ state and/or occupy the A site.  
  The critical content for the binary spinel, (Mn,Cr)3O4, is 0.35 Mn
3+  at liquid helium 
temperature and 0.4 Mn3+ at room temperature [156]. An increase in temperature deceases 
the long range order in which a domain is formed by the collective orientation of the prolate 
axis in octahedra and therefore increases the critical Mn3+ content [177]. At 950 °C, tetragonal 
distortion for MnxCo1Cr2-xO4 occurs at a critical content of 1.2 Mn
3+ [136]. In this case 
substitution for Cr3+ by Mn3+ has been assumed to take place solely on the B sites [136]. Along 
with temperature, the addition of Co also increases the critical Mn3+ content. Co2+ partly 
counteracts the Mn3+ ions to compress the unit cell along the c-axis, c < a [172]. Besides Co2+ 
causing oblate distortion, Co2+ would also cause oxidation of Mn3+ to form Mn4+ reducing the 
number of Jahn-Teller ions. Cr substitution acts in a different way to increase the critical 
content by breaking up clusters of Mn3+ ions on the B sublattice, and therefore lowering the 
cooperative distortion [136]. But Cr3+ has a high Dq value, which can also account for the large 
tetragonal distortion seen compared to Fe and Ni substituted MCO-based spinels [178].  
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2.3.7 Computational Approach to Study Cation Distribution in Spinel 
The computational approach for studying the site preference between the reaction 
products that form allows experimental results to be explained in theory. The most common 
theoretical techniques to compute the cation site occupancy of spinel are crystal field theory 
(CFT) and then ligand field theory (LFT). The effectiveness of these two techniques are 
generalized by F.A Cotton’s assertion that, ‘crystal field theory of bonding is too good to be true 
and ligand field theory is too true to be good [179].’ In essence, CFT can describe the cation site 
occupancy in terms of the energy of atomic orbitals while LFT is in terms of the energy of 
molecular orbitals. CFT is a simplified approach which does not account for covalent bonding 
and LFT is complicated by the orbital overlap and symmetry constraints. Density functional 
theory (DFT) can give the most exact measurement of the cation site occupancy by calculating 
the minimum of the ground state energy with the electron wave functions. Thus far with DFT, 
only binary spinel systems have been studied to describe the geological formation of mostly 
aluminate spinels within the earth’s crust [180, 181, 182].  
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2.3.8 Electronic Conductivity of Spinel 
The electronic conductivity accounts for the majority of the charge flux through spinels 
due a small polaron hopping mechanism. The 
transport of polarons is generated by thermally 
activated hopping [121, 122]. Thus, at the 
temperatures in which SOFCs operate, charge 
transport is relatively high in spinels.  
The polaron hopping occurs between 
octahedral sites which form chains in the [110] 
directions [183]. The distance between the B sites 
responsible for the mechanism of conductivity is 
𝑎√2/4 for cubic and 𝑎′√2/4 where 𝑎′ = √𝑎2𝑐
3
 for 
tetragonal spinel [184]. A shorter distance between 
sites may enable a higher conductivity but the 
conductivity has been shown to have a greater 
dependence of the number of charge carriers.  
In Figure 2.20, the greatest amount of mixing 
of the B sublattice and thus the greatest number of 
charge carriers can be seen at x = 2, which 
corresponds to the highest conductivity [73]. The 
cation distributions in Mn3-xCoxO4 ceramics (0 ≤ x ≤ 3) 
shown in Figure 2.20 were determined by the bond 
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Figure 2.20: Variations of cation 
concentrations on the B site and ac 
conductivity () as a function of 
composition (x) for Mn3-xCo3O4  dense 
ceramics, with 0 ≤ x ≤ 3 [73]. 
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valence sum (BVS) calculations from refinement of neutron diffraction data [73] and compared 
to the structural methods following Poix’s work [185], and TGA data obtained on powders for 2 
≤ x ≤ 3 [143]. The conductivity measurements were made at room temperature, but the 
ceramics were quenched from 800 °C in an attempt to maintain the high temperature disorder 
[73]. 
The electronic conductivity is related to the electron configuration of the chemical 
species on the B sublattice. Co and Mn can support a charge transfer by changing the valence 
state on the B sublattice but the symmetry of the Cr2+ cation on the B sublattice makes this 
oxidation state too unfavorable and hinders the charge transfer.  
 
2.3.9 Permittivity of Spinel 
The electronegativity of the ions in the RLs is: Mn (1.55), Co (1.88), and Cr (1.66). 
Compared to O which is 3.44, the difference elicits a polar covalent bond. Considering ionic 
conductivity, the atoms of a higher electronegativity create a structural network and small ions 
can provide charge transport. The small ions fit into the octahedral site and lithium spinels are 
the best example in which spinels are used for their ion transport properties in re-chargeable 
batteries [186]. 
The permittivity of MCO is directly related to Mn substitution in Co3O4 spinel. The Mn
3+ 
creates an off center symmetry in the unit cell and allows ferroelectric behavior at room 
temperature [143]. Thin dense ceramic samples with contacts of silver paste were used to 
measure the capacitance, C, which can be used to calculate the dielectric constant of the 
material, km, with Equation 1.53,  
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C = k0kmA/d         (1.53) 
where k0 is the permittivity of free space. In the measurement of capacitance, a large surface 
area, A, and thin specimen thickness, d, are typically used to decrease experimental error.  
The dielectric constant and loss has provided important information about the structure 
of MCO. The properties of dielectric constant and conductivity increase with the increase of Mn 
from pure Co3O4 to Co2MnO4 [143]. As the Mn content increases, the structure shifts away from 
its equilibrium position. Lattice distortion causes the center of charge to shift and a dipole is 
created, which is measured by the distance between two separate charges. Meena et al. were 
not able to determine the permittivity of a single crystallographic orientation due to the use of 
polycrystalline ceramics [143]. 
In the composition ranges of x from 0.3 to 0.7 in CoxMn3-xO4 where random substitution 
of Co occurs, the loss tangent was the highest [143]. This means that the oscillations at that 
frequency (electronic, dipole, ionic, and molecular) lag behind the AC electric field. This causes 
dissipation in the lattice and generates heat. It is important to tune the structure to have 
minimal loss at the frequency for the device which is operating. Nickel ferrite spinels can be 
used as the insulator material in resistive random access memory devices due to their unipolar 
switching behavior [187].  
 
2.4 Oxidation of MCO Coated Crofer 22 APU 
2.4.1 Microstructural Development 
In one respect, the kinetics of an interconnect system with a spinel coating deposited 
onto a chromia-forming metal alloy can be similar to just the bare alloy.  The model of a bare 
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alloy assumes that at the chromium ions reach a point where they are oxidized by an abundant 
source of oxygen ions within the chromia scale. If oxygen ions can diffuse into and through the 
spinel and reach the spinel/scale interface, this interface can be effectively considered to be on 
the surface and open to free air. Crude evidence that the oxygen ions do penetrate through the 
bulk of the spinel before the chromium ions can advance, comes from the fact that a chromia 
scale does not form on the outside surface of the spinel [70].  
Magdefrau et al. have performed one of the first controlled studies on the chemistry, 
crystal structure, and morphology of the interfacial region that develops between interconnect 
alloys and MCO protective coatings after long term oxidation [71]. The interfacial analyses were 
performed using a combination of TEM and STEM on FIB-cut specimens and one such analysis is 
shown in Figure 2.21 [71]. The features 
in this STEM image from left to right are: 
the Crofer 22 APU alloy with the white 
arrows indicating the internal TiOx, 
pockets of a MnCr2O4 subscale (SS), the 
chromia scale, and a (Mn,Co,Cr)3O4 RL. 
From the chromia scale to the RL, there 
is an abrupt drop in Cr-content by 35 
at%, thereafter the Cr-content gradually 
decreases. The solubility limit of Cr in 
spinel is equivalent to the number of B 
sites [77] and the RL at the chromia scale 
0 
10 
20 
30 
40 
50 
60 
70 
80 
90 
0 2 4 6 8 
C
o
m
p
o
s
it
io
n
 (
W
t.
%
) 
Distance (µm) 
 O K 
 CrK 
 MnK 
 FeK 
 CoK 
Cr2O3 RL Alloy 
SS 
SS 
Figure 2.21: Dark field STEM image and EDXS line- scan 
obtained from a FIB cross section through MCO-coated 
Crofer 22 APU oxidized at 800 °C for 1000 h [Reproduced 
from 71]. 
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interface has reached this solubility limit.  The reaction layer at the chromia scale interface has 
a finer grain microstructure than the rest of the coating indicating that there is nucleation and 
growth of the spinel grains with high Cr-content. For this process to occur, Mn2+ and Co2+ ions 
must diffuse inward and react with the Cr at the chromia scale interface. Thus, the RL indicated 
in Figure 2.21 is actually an interfacial region composed of two layers: one of (Mn,Co)Cr2O4 
formed at the chromia scale surface and one of (Mn,Co,Cr)3O4 formed through the coating [71]. 
Wang et al. have shown cross-sectional SEM images of the two layer interfacial region from a 
diffusion couple experiment between a chromia and MCO ceramic block [188].  
 The interfacial layer of high Cr-content that forms has a significant effect on the 
performance of the coating [71]. The bare alloy model cannot entirely explain the growth of the 
chromia scale due to concurrent diffusion of Cr3+ and O2- ions through the MCO spinel coating. 
 
2.4.2 Kinetics 
Prior to this detailed 
microstructural examination, a simple 
two layer model of a coating and 
chromia scale was used to explain the 
oxidation behavior [189, 190].  Now, a 
three layer model of a coating, 
intermediate region, and scale has been 
proposed and fit to experimental results 
[70]. The circuit shown in Figure 2.22 
Figure 2.22: a) Illustration of ionic and electronic fluxes.            
 b) An equivalent circuit for the trilayer flux model 
[Reproduced from 70]. 
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represents indicates three layers in series which each have an electronic and ionic path in 
parallel [70].  
The three layer model, shown in Figure 2.22, accounts for the progress of the oxygen 
ions slowing down before reaching the chromia scale. This makes sense because an increase of 
chromium ions causes the tetragonal distortion to decrease, thereby confining the O2- ions in a 
more close packed structure and increasing the activation energy necessary for diffusion.   
In the chromia scale, the transport of Cr ions is much faster than the transport of oxygen 
ions [80].  This allows the Cr ions to reach the chromia interface and enter the spinel region 
before reacting with O2-. Once neutralized their diffusion is inhibited. The purpose of the 
coating is to prevent the egress of Cr and the ingress of O. Limiting the growth of the chromia 
scale and RL will result in a greater overall electronic conductivity.  
Finally, the Nernst-Einstein relationship can give the ionic conductivity by taking self-
diffusion coefficients calculated above [124]. 
                  
kT
Dcez iii
i
22
          (1.54) 
Where σi is the ionic conductivity of the diffusing species, zi is the net charge of the ion, ci is the 
concentration of the ions (atoms/volume) or mobile defects, k is Boltzmann’s constant and T is 
temperature. 
The charged ions are acted upon by an electromotive force (EMF). The mass transport 
can be related to the change in free energy through the Equation for the EMF with the number 
of electrons in the reaction, n, and the Faraday constant, F [70].   
nF
G
Et

          (1.55) 
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The current, I, in the equivalent circuit can then be described in terms of the 
electromotive force, E, and the ionic/electronic resistance, R for each of the three layers in 
Equations 1.56, 1.57, and 1.58 [70]. 
CeCO
C
Ce RR
E
I




2
         (1.56) 
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       (1.57) 
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3
        (1.58) 
The total electrical current through the coating, RL, and chromia scale is given by the parallel 
combination of the current in each of the three layers in Equation 1.59 [70]. 
CSeCSCr
RLCrRLO
RLCrRLO
RLeCeCO
T
e
RR
RR
RR
RRR
E
I
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



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


3
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2
    (1.59) 
Taking into account the thickness of each layer the total electrical current across a surface area, 
A, is given by Equation 1.60 [70]. 
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The symbols for each of these properties in the three layers are given below [70]. 
Ce
I   electronic current of coating 
RLe
I    electronic current of the RL 
CSe
I    electronic current of the chromia scale 
e
I  total electronic current 
 EC  EMF in spinel coating 
 ERL  EMF in the Cr-modified reaction layer 
 ECS  EMF in the chromia scale 
 ET  total EMF 
CSe
R  CSe  electronic resistance and conductivity of the chromia scale 
RLe
R  RLe   electronic resistance and conductivity of the RL 
Ce
R  Ce  electronic resistance and conductivity of coating 
CSCr
R 3 CSCr 3  Cr
3+ ionic resistance and conductivity of the chromia scale 
RLCr
R 3 RLCr 3  Cr
3+ ionic resistance and conductivity the RL 
RLO
R 2 RLO 2  O
2- ionic resistance and conductivity of the RL 
CO
R 2 CO 2  O
2- ionic resistance and conductivity of coating 
The electronic current corresponds to the majority of the charge flux through the three 
layers. With an increase in thickness of the chromia scale and RL, the electrical current 
decreases due to the relatively low electrical current of these layers. The three layer equivalent 
circuit model is much better than the two layer model because the properties in each layer are 
so different. For example, the oxygen ionic resistance in the chromia scale is greater than 
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spinel, while the chromium ionic resistance is greater in the spinel than chromia. The diffusivity 
of O2- chromia and Cr3+ in spinel supports the theory that the (Mn,Co)Cr2O4 spinel grows at the 
chromia scale interface. There must be a surplus of O2- and Cr3+ at the chromia scale surface 
which translates to the formation of (Mn,Co)Cr2O4 because spinel is more thermodynamically 
favorable [191]. The formation of the (Mn,Co)Cr2O4 is rate limited by the diffusion of Mn
2+ and 
Co2+ ions to the chromia scale surface.  
 
2.4.3 Effect of Cation Site Occupancy on Kinetics 
A way to decrease the diffusion of Mn2+ and Co2+ cations to the chromia surface would 
be to alter the starting composition of the MCO coating to include a cation which prefers the A 
sublattice more than Mn2+ and Co2+. Navrotsky and Kleppa’s determination of cation site 
preference, Zn2+ may substitute on the A sublattice and impede the inward diffusion of Mn2+ 
and Co2+. ZnCr2O4 has a more negative free energy of formation than CoCr2O4 and MnCr2O4 and 
may preferentially react with Cr to form a ZnCr2O4 inner RL. For this reason, Zn may not be the 
best option to limit the growth of the high Cr-content inner RL [74]. The cation must have a 
limited reactivity with the chromia scale to form spinel. A better option may be to substitute 
MCO with Fe because Fe is not known to preferentially react with Cr to form spinel [192]. Fe3+ 
has a greater site preference for the A site than Mn2+ and Co2+, and Fe2+ has a low OSFE [160].  
Fergus et al. have found that the diffusivity of Cr through MCO is decreased by altering 
the starting composition to include Fe and Ti [193]. Figure 2.23 indicates the extent of the Cr 
diffusion after a diffusion couple experiment between a chromia pellet and pellets of MCO and 
MCO doped with Fe and Ti [193]. Fe had a better effect than Ti on limiting Cr diffusion [194]. Of 
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the Fe-substituted MCO spinels, 
the composition, MnCo0.77Fe0.34O4, 
limited the outward Cr3+ diffusion 
the best [195]. The study showed 
that Fe was not present in the 
(Mn,Co)Cr2O4 inner RL where 
there are two Cr atoms per M3O4 
unit. Fergus et al. did not propose 
a mechanism to explain why the 
addition of Fe to MCO spinel inhibited outward Cr diffusion [193]. The two ways to decrease 
the extent of Cr3+ diffusion through protective interconnect coatings are to limit the growth of 
the inner and outer RLs. From the diffusion profile in Figure 2.23, it seems like the addition of 
Fe and Ti to MCO has an effect on limiting the both the inner RL and outer RL [193].  
Sun has measured the diffusivity of Co2+ and Cr3+ in CoCr2O4 and has proposed a 
mechanism for the diffusion of these cations [Sun]. At the same temperatures Cr was found to 
have a higher diffusion coefficient than Co even though the activation energy, Q, necessary for 
Cr transport is higher (QCr = 3.04 eV and QCo = 2.39 eV) [183]. The activation energy for Cr 
transport is higher than other transition metal cations since the shape of the Cr3+ electron cloud 
makes its ionic radius appear larger to the tetrahedral site. Therefore, the mechanism for Cr 
diffusion relies on the direct transport of Cr from an occupied to unoccupied octahedral site 
which must be accommodated by a lattice strain equal to the size of the Cr3+ ionic radius [197]. 
Figure 2.23: Cr contents in undoped, Ti-doped, and Fe-doped 
(Mn,Co)3O4 [Reproduced from 193]. 
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The diffusivity of Cr is faster than Co because there are more possible migration routes for 
cations occupying the B sublattice.  
The derivation parameter, n, describes the probable migration route for a diffusing 
species based on the Debye temperature, activation energy, and mass of the ion. This is related 
to the average inverse of the jump distance that a cation may take in a given structure. Each 
occupied B site is surrounded by 12 nearest neighbors (n = 2.83), half of which are unoccupied. 
Each occupied B site is surrounded by 8 nearest A sites (n = 4.62), all of which are unoccupied. 
Each occupied A site is surrounded by 6 nearest A sites (n = 4) and 4 nearest B sites (n = 4.62), 
all of which are unoccupied [183]. Grimes has evaluated the probable migration path for 
several transition metal elements based on the derivation parameter calculated with CFT. 
Higher values of the derivation parameter indicated that the cation transports along the A 
sublattice since the average n values for the A sublattice are higher. Conversely, lower values 
indicate that the diffusing transports along the B sublattice. Grimes has confirmed the 
mechanism proposed by Sun that Cr diffuses mainly through the B sublattice.  
Since Co has a relatively low site preference for both the A and B sublattice, the 
migration route can take the path of least resistance by hopping from the A site to an 
unoccupied B site and back to the A site. The activation energy necessary for Co2+ and Cr3+ 
transport in CoCr2O4 is 2.22 eV and 3.04 eV, respectively. Since Zn
2+ has a higher site preference 
for the A sublattice, the migration route for Zn2+ involves  direct jump across A sites, and the 
activation energy necessary for diffusion is even higher than Cr3+ in ZnCr2O4 spinel (QZn = 3.72 
eV and QCr = 3.52 eV) [183]. Interestingly, the activation energy necessary for Cr diffusion is also 
  
67 
 
higher in ZnCr2O4 than CoCr2O4 and therefore, and for this reason Zn may be an additive to 
retard Cr diffusion in MCO interconnect coatings. 
With perfect packing of oxygen ions cation diffusion should take place by cations 
hopping to a vacant A site and then to a vacant B site. But with normal spinels having a 𝑢4̅3𝑚 
parameter greater than 0.385, direct diffusion along octahedral sites becomes easier due to 
separation of the oxygen ions [183]. For oxygen diffusion in spinel there are three possible 
pathways. Six neighbors form a plane parallel to (111) in which the orientation is almost 
unaffected by the deviation parameter. The other two pathways are two sets containing three 
neighbors each, which depend on the deviation parameter [183]. A lower deviation parameter 
may decrease O2- diffusivity through spinel by decreasing the volume for free oxygen 
displacement. 
The key to producing a better protective coating would not be to force Cr to the 
tetrahedral site to increase electronic conductivity, but to trap the Cr3+ on the octahedral site 
by changing the symmetry of the unit cell to limit Cr3+ and O2- diffusion. By optimizing the 
coating composition, a smaller deviation parameter can be achieved and result in a more close 
packed structure effectively increasing the activation energy necessary for oxidation. 
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2.5  Focus of Thesis Research 
  There are three main objectives in this thesis which address the degradation derived 
from manganese cobaltite spinel coated alloy interconnects in intermediate temperature solid 
oxide fuel cells.  
1. To investigate the interactions between the coating and substrate during reactive 
sintering of slurry-deposited MCO and thus to develop an understanding of the 
mechanisms for the densification and substrate adherence. 
2. To determine cation site distributions within MCO-based spinels using ALCHEMI, to 
explore the viability of using ALCHEMI to study local site occupancies in spinel RLs, and 
thus to elucidate the mechanisms and kinetics for RL formation at alloy/coating 
interfaces.  
3. To study the effects of material and process parameters on the morphology and 
microstructure of pulsed laser deposited MCO films and to study the interaction of 
these films with the alloy substrate. 
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Chapter 3:  
Microstructural Effects of the Reduction Step in  
Reactive Consolidation of  
Manganese Cobaltite Coatings on Crofer 22 APU 
 
3.1   Introduction/Preamble 
A scalable reactive sintering process has been developed for the application of MCO 
spinel coatings to metallic interconnects [198].  This comprises: application of an MCO slurry, 
drying, reduction in moist H2-based forming gas to form a MnO/Co phase mixture, and then re-
oxidation in air to form a relatively dense MCO coating. Magdefrau et al. have shown previously 
[70] that such coatings inhibit the oxidation kinetics significantly for ferritic stainless steels such 
as Crofer 22 APU under SOFC operating conditions. A Cr-modified spinel reaction layer (RL) was 
detected at the alloy/coating interface and the effects of this layer were described using a 3-
layer oxidation kinetics model based upon an equivalent circuits approach. 
In recent work by Magdefrau et al., a combination of focused ion beam (FIB) sectioning 
and electron microscopy techniques was used to reveal the details of the oxide scale 
microstructures for uncoated and MCO-coated Crofer 22 APU [71, 96]. It was found that the 
uncoated Crofer formed a two-layer chromia + MnCr2O4 scale, whereas the MCO-coated Crofer 
exhibited a (Mn,Co,Cr,Fe)3O4 spinel RL between the coating and the chromia sub-scale on the 
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Crofer substrate surface.  The development of the RL was studied by comparing data from 
coated samples oxidized for different times at 850 °C in air. An unusual variation in the 
composition of the spinel RL was observed wherein the Cr content decreased during the initial 
stages of oxidation and then increased again for longer exposures 
[96]. It was proposed that this 
effect might arise due to outward diffusion of Cr from the Crofer substrate into the metallic Co 
phase during the reduction stage of the reactive sintering process. To test this hypothesis, we 
have now prepared a sample for which the MCO slurry coating on Crofer has been reduced but 
not re-oxidized. The microstructure of this reduced coating has been investigated using FIB and 
electron microscopy as in our previous studies [71, 96]. It is shown that the interfacial 
microstructure in this sample is somewhat different from that anticipated, with thin chromia 
and spinel layers forming even during the reduction step. The consequences of these 
observations for the mechanisms of microstructural development in MCO coatings are 
discussed. 
 
3.2   Materials and Methods 
Square coupons (25 mm by 25 mm) were cut from 0.5 mm thick Crofer 22 APU 
commercial sheet stock. The coupon surfaces were prepared by: mechanical grinding with 
successively finer grades of SiC paper, polishing with 6 µm diamond paste, ultrasonic cleaning in 
an acetone bath, and then rinsing with isopropanol. Mn1.5Co1.5O4 powder purchased from 
Praxair was used to form a slurry, which was used to coat the alloy coupons using a variant of 
the process sequence described by Yang et al. [198] A layer of the slurry was applied to the 
polished surfaces of the coupons, and these were then dried in an oven at 100 °C for 2 h. The 
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dried samples were then reduced in a sealed tube furnace under flowing Ar/2.75%H2 /3%H2O at 
850 °C for 4 h, resulting in a porous coating of approximately 27 m in thickness. 
Metallographic cross-sections were prepared by mounting the reduced coupons in a 
two-part cold mount epoxy, grinding using successively finer grades of SiC paper, and then 
polishing using diamond paste down to 0.25 μm. Scanning electron microscopy (SEM) was 
performed using a JEOL 6335F Field Emission SEM. 
Site-selective transmission electron microscopy (TEM) sample preparation was 
performed using a FEI Strata 400S Dual Beam focused ion beam (FIB) instrument equipped with 
a flipstage and a scanning transmission electron microscopy (STEM) detector for improved final 
thinning. In-situ platinum deposition was performed to protect the surface of the TEM 
specimen during ion milling. Ga+ beam currents were reduced iteratively to a value of 9.7 pA 
during final milling to avoid excessive Ga+ implantation and beam damage. TEM foils were 
mounted onto copper Omni grids and attached at 2 corners to limit mechanical buckling of the 
samples during final thinning.   
TEM analysis was performed using a FEI T12 Tecnai S/TEM operated at 120 kV equipped 
with an EDAX ultra-thin window energy-dispersive X-ray spectrometry (EDXS) system. For 
higher resolution analysis, a JEOL JEM-2010 TEM operating at 200 kV was used. This microscope 
is equipped with a UHR objective lens polepiece (Cs = 0.5 mm), which gives a point-to-point 
resolution of <0.19 nm at Scherzer defocus, and an EDAX Phoenix EDXS detector that has a 
super-ultrathin polymer window. STEM analysis was performed using a Philips CM-200 
Supertwin operating at an accelerating voltage of 200 kV and equipped with an EDAX 30 mm2 
Si(Li) EDXS detector. 
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3.3   Results 
The overall morphology and microstructure of 
the reduced MCO coating were first investigated using 
secondary electron (SE) SEM imaging. Figure 3.1(a) is a 
representative low magnification SE SEM image 
obtained from a metallographic cross-section showing 
the bright alloy substrate on the left and the dark 
epoxy mount on the right.  The porous coating 
occupies most of the field of view, and it is noted that 
the pores are filled with epoxy due to infiltration 
during the mounting process. This infiltration is 
necessary to preserve the coating structure during 
subsequent grinding and polishing. A typical higher-
magnification SE SEM image obtained from a region 
near the center of the coating is shown in Figure 3.1(b). 
Image analysis revealed that these areas contain about 
14% of a bright equi-axed phase surrounded by 32% of 
a darker agglomerated phase; the remaining 54% of 
the microstructure corresponds to the epoxy-filled 
pores. Most of the coating exhibits this phase 
distribution.  The notable exception is an interfacial 
layer of around 3 µm in thickness between the Crofer substrate and the porous coating. The 
Figure 3.1: 
. 
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morphology of this layer is revealed in SE SEM images such as Figure 3.1(c), which was obtained 
at the same magnification as Figure 3.1(b). This layer seems to have a rather rough but abrupt 
interface with the alloy substrate. The layer is quite dense immediately adjacent to the 
substrate, exhibits increasing porosity (up to 8%) with distance from the interface, and adopts a 
needle- or plate-like morphology at the interface with the coating. 
Further analysis of the microstructures in these regions was performed using TEM and 
STEM techniques. A selection of the TEM data from a FIB-cut cross-section through the center 
of the coating is shown in Figure 3.2. Figure 3.2(a) is a representative low-magnification bright 
field (BF) TEM image. Such images revealed that the coating is a two-phase mixture comprising 
equiaxed particles up to 1µm in diameter of a darker phase surrounded by agglomerated 
polyhedral particles of a brighter phase.  A higher-magnification BF TEM image from one of 
these latter particles is shown in Figure 3.2(b).  The particle is cuboidal and contains an internal 
cuboidal void whose faces are aligned with the external faces of the particle. The compositions 
of these phases were measured using EDXS and these data (not shown) indicate that the bright 
and dark phases are essentially MnO and Co, respectively. Selected area diffraction patterns 
were used to confirm the phase identification, and examples of zone-axis SADPs from the bright 
and dark phases are shown in Figures 3.2(c) and 3.2(d), respectively. Figure 3.2(c) corresponds 
to the [011] zone axis pattern for MnO with the face-centered cubic (FCC) NaCl-type structure.  
All of the other patterns obtained from this phase were consistent with this structure, although 
in each case the calculated lattice parameter (0.441nm) was slightly smaller than published 
values for stoichiometric MnO (0.448 nm [199]). Figure 3.2(d) could not be indexed to the usual 
hexagonal-close-packed (HCP) structure for Co, but instead corresponds to the [1̅12] zone axis 
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pattern for the high-temperature FCC allotrope of Co with a lattice parameter of 0.356 nm. All 
of the other patterns obtained from the Co-rich phase in the coating were also consistent with 
the FCC, rather than the HCP, structure. It is noted that the FCC Co particles closest to the 
deposit surface contained stacking faults, whereas those closer to the substrate did not. 
 
A montage of BF TEM images obtained from a FIB-cut 
cross-section through the alloy/coating interface is shown 
in Figure 3.3. The region in the upper left is the alloy 
substrate, and the region on the far right exhibits similar 
contrast to that found in the bulk of the coating (e.g. Figure 
3.2(a)), but the contrast in the 2-3 µm thick layer between 
these zones is complex and could not be interpreted easily.  
Figure 3.2: 
 
Figure 3.3: BF TEM image acquired 
from FIB cut cross-section through 
substrate/coating interface. 
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The details of this complex interfacial microstructure were revealed using STEM imaging 
and EDXS data; an example of one such analysis is shown in Figure 3.4. The Figure contains an 
annular dark field (ADF) STEM image and chemical maps for Cr, Fe, O, Mn and Co. Each map 
represents a grid of 256 x 200 measurements taken using a 100 eV window centered around 
the K- (or K-) peak for the relevant element.  The data was acquired by scanning over the 
same region 2048 times with a dwell time at each point of 0.2 ms for a total acquisition time of 
around 5.8 h.  Here again, the region on the left hand side is the Crofer alloy substrate. The 
measured alloy composition is approximately 78 at.% Fe and 22 at.% Cr although there is a 2-3 
at.% depletion of Cr in the layer immediately adjacent to the interface. At the interface, there is 
a rough discontinuous layer 100-200 nm in thickness, which is enriched in Cr and O. The 
measured composition is approximately 40 at.% Cr and 60 at.% O, corresponding to Cr2O3. The 
ADF STEM image shows that the chromia grains in this layer range from 25 to 250 nm in 
diameter. Immediately beyond this layer is a RL region enriched in Cr, Mn and O. The measured 
composition of this RL is approximately equal to that expected for the Manganese Chromite 
spinel MnCr2O4, although there is a small amount (up to 2 at.%) of Fe throughout, and the 
Mn:Cr ratio changes with distance from the interface. At >1µm from the interface, the spinel RL 
forms protruding needles or laths with an average chemistry of Mn1.35Cr1.55Fe0.1O4. There are 
also occluded pockets of Fe/Co metal within the RL as revealed by dark patches in the Cr, Mn 
and O maps and corresponding bright patches in the Fe and Co maps. The ratio of Fe:Co in 
these regions varied between 7:1 and 1:1. Further from the interface on the right hand side 
there is a mixture of MnO, Co and infiltrated pore (i.e. epoxy) phases with the spinel 
protrusions between them.  These can be distinguished in the Cr, Mn and O maps thus: MnO is 
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very bright in Mn, bright in O and dark in Co; Co is dark in Mn and O but very bright in Co; epoxy 
is very bright in O, but dark in Mn and Co. The Co phase in these areas also contains up to 10% 
Fe, although there is very little Fe in the FCC Co phase well away from the interface. 
 
 
 
 
 
 
 
 
Figure 3.4: STEM data acquired from FIB cut cross-section through substrate/coating interface: DF image 
shows region analyzed; X-ray maps show integrated intensities in 100 eV windows centered on K and Ka1 peaks 
for Cr, Fe, O, Mn and Co. 
 
  
77 
 
 
The main features of the 
microstructure observations are 
summarized schematically in Figure 3.5. 
Going from left to right we have: the Crofer 
22 APU alloy substrate; a rough abrupt 
interface with a dense chromia layer of 
variable thickness; a spinel RL with 
embedded Fe/Co-rich particles, increasing 
porosity with distance from the chromia 
layer, and a needle- or lath-like morphology 
at the interface with the porous coating; 
and a highly porous mixture of equi-axed 
metallic FCC Co and polyhedral MnO 
particles. The mechanisms behind the development of these features are discussed below.  
 
3.4   Discussion 
As far as we are aware, there have been no previous TEM or STEM studies of 
microstructures in reduced slurry-processed MCO coatings, but the observations are broadly 
consistent with the findings of previous SEM studies in which a mixture of MnO and Co phases 
was reported [200, ,201]. At room temperature Mn1.5Co1.5O4 forms a two-phase mixture 
comprising cubic MnCo2O4 and tetragonal Mn2CoO4 spinel phases 
 [59, 200], although recent X-ray 
Figure 3.5: 
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and neutron diffraction studies [141] suggest that the stoichiometries, site occupancies and 
oxidation states are more complex than those implied by these chemical formulae. At the 
reduction temperature (850°C), however, Mn1.5Co1.5O4 forms a single-phase cubic spinel, and 
thus the simplified reduction reaction is given by Equation 3.1.  
2 Mn1.5Co1.5O4 (s)  +  5 H2 (g)  →  3 MnO (s)  +  3 Co (s)  +  3 H2O (g)       (3.1) 
It has been shown previously14 that if one assumes that the MCO is a cubic spinel with a0 
= 0.828 nm, Co is HCP with a0 = 0.251 nm, c0 = 0.407 nm and MnO adopts the NaCl structure 
with a0 = 0.445 nm, then the above reaction would result in a reduction in the volume of the 
solid of ≈ 30%. While the Co phase observed here is FCC, not HCP, and the lattice parameter 
measured from MnO is slightly smaller (0.441 nm), these differences will not affect the 
expected reduction in volume significantly. The discrepancy between the calculated contraction 
of ≈ 30% and the observed porosity of ≈ 54% is presumably due to the initial porosity of the 
dried slurry. It is expected that initial porosity to be far greater than 24%, and thus there is 
presumably significant densification occurring during the reduction process. Indeed the 
porosity of the re-oxidized coating is only 20-25% and so most of the densification (as opposed 
to volumetric shrinkage or expansion due to reduction or oxidation, respectively) must occur 
during the reduction step rather than during the subsequent re-oxidation. 
 The MnO phase that forms during reduction appears to be highly defective with 
polyhedral internal voids and a lattice parameter smaller than that anticipated for normal 
variations in stoichiometry [199]. This suggests that the reduction occurs by outward diffusion of 
the Co, which is reduced to the metallic form at the particle surfaces, and that the resultant 
vacancy-rich Manganese oxide transforms to the NaCl structure with voids being formed by 
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vacancy agglomeration. The equilibrium allotrope of Co at the reduction temperature is FCC, 
but one might expect that this would transform to the low-temperature HCP structure upon 
cooling. This transformation might be inhibited by the size, morphology and/or low defect 
content of the Co particles, any of which could suppress the formation of the Shockley partial 
dislocations that mediate allotropic FCC to HCP transformations. Another possibility is 
suggested by the detection of low levels of Fe in the FCC Co particles. Onozuka et al. [202] have 
shown that additions of Fe to Co stabilize the FCC phase at room temperature for > 6 at. % Fe, 
and that the double-HCP (DHCP) structure forms for 1.5-6 6 at. % Fe. Thus the incorporation of 
Fe from the substrate into the Co phase could help to suppress the FCC to HCP (or DHCP) 
transformation, particularly close to the substrate where no stacking faults are observed. It is 
noted that FCC Co particles have also been observed by Brylewski et al. [203] in a reduced 
lanthanum strontium cobaltite coating on a chromia-forming Fe alloy. 
 The interfacial layers between the reduced coating and the Crofer substrate could 
have been anticipated. The partial pressure of oxygen within the tube furnace is approximately 
10-17 atm, and under these conditions one would expect the oxidation of both metallic Cr and 
Mn within the alloy. The two interfacial layers observed (Cr2O3 plus MnCr2O4) are similar to 
those observed by us and by other authors in the scale on bare Crofer 22 APU oxidized in air at 
atmospheric pressure [204]. It has been established for bare Crofer, and other ferritic Fe-Cr-Mn 
stainless steels, that the chromia scale forms first. There is limited solubility of Mn2O3 in Cr2O3 
(12-17 wt.%), and once this value is reached, MnCr2O4 spinel nucleates on the surface and 
grows via a reaction between Mn2O3 and Cr2O3 
[57]. This reaction dominates the subsequent 
scale development because grain boundary diffusion of Mn in Cr2O3 is 1-2 orders of magnitude 
  
80 
 
faster than grain boundary diffusion of Cr or Fe [205]. There are other features of the interfacial 
layers that suggest that moisture may be playing a significant role. For example, it has been 
shown previously that H2O reduces the porosity at the chromia scale interface 
[206], and can 
cause the formation of MnCr2O4 whiskers 
[90]; both of these features are evident in the 
interfacial layers observed here. 
 The metallic Fe-rich inclusions in the spinel layer are similar to those reported 
previously in the literature for similar alloy systems [128, 204, 207]. In these previous works the 
metallic inclusions are attributed to stresses that arise from internal oxidation of titanium or 
the formation of MnCr2O4 subscale pockets.  Issartel et al. accounted for these stresses on the 
basis of the Pilling-Bedworth ratio for these internal oxidation reactions [207]. While this seems 
like the most likely reason for the Fe/Cr metallic inclusions observed in the previous work on 
oxidation of Crofer 22 APU [71,96], the inclusions observed here are markedly different in that 
they contain Co. Thus, it seems likely that there is concurrent growth of the MnCr2O4 spinel 
phase on the chromia and decomposition of the Mn1.5Co1.5O4 spinel phase in the coating.  This 
could lead to the incorporation of Co into the metallic Fe inclusions at the growth front for the 
MnCr2O4 spinel RL and a corresponding enrichment in Mn for the RL itself. 
 The complex variation that has been observed in the RL chemistry and morphology 
after re-oxidation and subsequent long-term exposure [71] could thus be explained on the basis 
of a reaction between the Mn1.5Co1.5O4 coating and the MnCr2O4 interfacial layer observed 
here. There are Cr-rich protrusions that penetrate into the MCO coating in the re-oxidized 
condition, which are clearly a remnant of the needle-or plate-like morphology of the MnCr2O4 
layer in the as-reduced condition. Over time the site preferences for the various cations will 
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drive diffusion of each of these species in particular directions, leading to the eventual 
formation of a steady-state RL of constant composition. Thus, the character of this steady state 
RL, the rate at which it forms, and the eventual thickness may all depend upon the cations 
present and the sites that they occupy in the spinel structure. For example, Wang et al. have 
shown that the presence of Fe within the RL may impede the outward diffusion of Cr from the 
alloy [188]. Further studies on the site occupancies in these microstructural layers and in model 
ceramic spinels of the same compositions are underway to investigate these effects. 
 
3.5   Conclusions 
An electron microscopy study was performed on the effect of a reduction heat 
treatment at 850 °C in moist H2-based forming gas on the microstructure of a Crofer 22 APU 
substrate coated with a Mn1.5Co1.5O4 slurry. The key findings of this study were: 
1. The reduction process converted the Mn1.5Co1.5O4 spinel to a porous mixture of 
MnO and Co phases. The MnO phase exhibited the usual NaCl structure, but was highly 
defective with internal voids and a smaller lattice parameter than the stoichiometric structure. 
The Co phase exhibited the high-temperature FCC structure, possibly stabilized by the presence 
of Fe. 
2. There is a concurrent oxidation of the Crofer substrate surface with a thin dense 
chromia scale and a more porous MnCr2O4 interfacial layer with needle- or lath-like features 
protruding into the coating. There is some evidence of reaction between the MnO+Co mixture 
and the interfacial layers, with Co-rich metallic pockets in the spinel layer and an enrichment in 
the Mn content of the spinel with distance from the chromia layer. 
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These observations help to explain the peculiar microstructural development observed 
previously for Mn1.5Co1.5O4-coated Crofer 22 APU after re-oxidation and subsequent high-
temperature exposure. 
 
3.6 Future Work 
The reactive sintering process results in a much denser MCO coating than can be 
achieved with low temperature sintering in air [53, 59, 70, 71]. Further consolidation of MCO 
coatings may be achieved by running several reduction and re-oxidation cycles by flowing moist 
H2 based forming gas and air through a tube furnace at 850 °C. This consolidation technique has 
proven to be successful for LSM-based contact pastes for SOFCs [249, 250].  Future work may 
be performed to show the extent of consolidation and reaction layer development of MCO 
coatings with each thermal cycle.  
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Chapter 4: 
ALCHEMI Studies of Site Occupancies in    
Cr-, Ni- and Fe-substituted Manganese Cobaltite Spinels 
 
4.1   Introduction/Preamble 
Normal spinels are AB2O4 compounds with tetrahedrally coordinated A sites occupied by 
divalent cations and octahedrally coordinated B sites occupied by trivalent cations [175, 208]. The 
extent of the cation ordering across the A and B sites can depend on the cation size [140], the 
energy of the s and p orbitals [157], and the temperature [209]. A variety of different 
experimental techniques have been used to determine the cation site occupancies in spinels 
including: X-ray diffraction [210], neutron diffraction [211], magnetization saturation [212], and 
Mössbauer spectroscopy [213]. The common drawback of all of these techniques is that they 
provide volumetric average or “bulk” measurements and thus simple, single-phase samples are 
required. For example, the cation site occupancies in MCO [73] and Mn0.4Co0.6Cr2O4 [141] 
powders have been determined by co-refinement of X-ray and neutron diffraction data. To 
obtain an acceptable fit for the structural data, the MCO powders had to be specially processed 
to achieve single-phase materials [162], and even then there were complications in determining 
the cation site occupancy with accuracy due to the multiple oxidation states that the Mn and Co 
cations can adopt. There was even greater uncertainty in the cation site occupancies for the 
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ternary compound because of the need to assign a constraint for the refinement of more than 
two cations [141]. 
Atomic Location by CHanneling Enhanced MIcroanalysis (ALCHEMI) is a transmission 
electron microscopy (TEM) technique for the measurement of site occupancies in crystals using 
X-ray or electron spectrometry. In this technique the electron beam is aligned with a channeling 
orientation in the crystal, and the site occupancies are determined from the variation in 
apparent composition due to differences in the ionization cross sections for the sub-lattices 
[214-218]. One of the main advantages of the ALCHEMI approach is that analyses can be 
performed on small crystals selected using the focused electron beam allowing for site 
occupancies to be studied in complex multi-phase materials. While ALCHEMI analyses have 
been performed on a variety of different spinels [219-224], to the author’s knowledge there has 
not been any previous ALCHEMI studies on site occupancies in MCO-based materials. This study 
used combustion synthesis to produce a series of ceramic powders in which Cr, Fe, and Ni have 
been substituted into MCO as models for the spinel reaction layers formed on MCO-coated 
SOFC interconnect alloys. ALCHEMI studies have been performed on sintered compacts of these 
powders to measure the site occupancies for each of the cations. These findings are compared 
with the results of previous X-ray and neutron diffraction studies on MCO-based spinels, and 
with early thermo-physical analyses of cation site preferences, to infer the likely consequences 
for reaction layer development. 
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4.2   Materials and Methods 
A series of transition metal (TM) substituted MCO spinel ceramic pellets was produced 
for this study; these materials had the general formula (Mn,Co,TM)3O4, where TM = Cr, Fe or Ni. 
For each of the TM additions, a series of three Mn1.5-xCo1.5-xTM2xO4 samples was produced with 
different TM contents: 2x = 0.5, 1.0 and 1.5, referred to as Low, Medium and High TM contents, 
respectively. For the Cr series only, samples with different Mn and Co contents were also 
produced: Mn2xCo1.5-xCr1.5-xO4 and Mn1.5-xCo2xCr1.5-xO4 with 2x = 0.5 and 1.5 in each case. These 
thirteen different compositions are summarized in Table 4.1. 
 
Table 4.1: Nominal molar composition of the 13 Cr-, Ni-, and Fe-substituted MCO samples. 
 
 
Cr-substituted 
 
Low Cr: Mn1.25Co1.25Cr0.5O4 
 
 
Med. Cr/Mn/Co: Mn1Co1Cr1O4 
 
High Cr: Mn0.75Co0.75Cr1.5O4 
 Low Co: Mn1.25Co0.5Cr1.25O4 High Co: Mn0.75Co1.5Cr0.75O4 
 Low Mn: Mn0.5Co1.25Cr1.25O4 High Mn: Mn1.5Co0.75Cr0.75O4 
 
Ni-substituted 
 
Low Ni: Mn1.25Co1.25Ni0.5O4 
 
Med. Ni: Mn1Co1Ni1O4 
 
High Ni: Mn0.75Co0.75Ni1.5O4 
 
 
Fe-substituted 
 
Low Fe: Mn1.25Co1.25Fe0.5O4 
 
Med. Fe: Mn1Co1Fe1O4 
 
High Fe: Mn0.75Co0.75Fe1.5O4 
 
 
Powders of each composition were synthesized using the glycine nitrate process (GNP), 
which involves a highly exothermic combustion reaction between glycine (fuel) and metal 
nitrates (oxidizer) to produce an oxide ash [225]. The precursors glycine (99%), manganese(II) 
nitrate tetrahydrate (98%), cobalt(II) nitrate hexahydrate (97.7% min), chromium(III) nitrate 
nonahydrate (98.5%), iron(III) nitrate nonahydrate (ACS, 98.0-101.0%), and nickel(II) nitrate 
hexahydrate (98%) were purchased from Alfa Aesar. For each sample, the nitrate salts were 
mixed in proportions that would give the appropriate cation ratio upon complete conversion to 
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spinel oxide. The proportion of glycine required to give a stoichiometric redox reaction was 
then calculated using the net oxidizing and reducing valences in each reagent [226]. In 
preliminary trials using such stoichiometric glycine/nitrate mixtures there was incomplete 
conversion of the nitrates suggesting that there is significant glycine loss during the process. 
Fuel-rich mixtures containing 250% of the stoichiometric amount of glycine gave full 
conversion, and such mixtures were used for all of the materials described in this study. 
In each oxide synthesis, a stock solution was produced from the glycine/nitrate mixture 
by adding sufficient de-ionized water to dissolve the powders and stirring until a clear solution 
was obtained. For the combustion reaction, 40 mL of the stock solution was placed into a 4 L 
stainless steel beaker, and the beaker was covered with a 230 stainless steel mesh to contain 
the ash. Heat was applied to the beaker using a Bunsen burner causing the solution to convert 
to a viscous liquid which then boiled, auto-ignited, and underwent a self-sustaining combustion 
reaction. The resulting oxide ash was then calcined at 850°C. Both the ash and the calcined 
powders were checked for residual metal nitrates and/or glycine using Fourier Transform 
Infrared Spectroscopy (FTIR) with a Nicolet Magna 560 spectrometer. X-ray diffraction (XRD) 
with a Bruker 5005 diffractometer was also used to check the phase purity.  
Pellets were prepared with 10 g of calcined spinel powder and 1 g of 10% polyvinyl 
acetate in H2O. Pellets were formed under a low load of 4000 psi in a floating die with an 
internal diameter of 25 mm, cold isostatically pressed at 27000 psi, sintered at 1000°C for 10 
hours, and then cooled at 100°C per hour to room temperature. The resultant sintered pellets 
had a thickness of approximately 10 mm. 
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TEM specimens were obtained from the spinel pellets by: cutting slices 0.5 mm in 
thickness using a SiC abrasive disc saw; extracting 3 mm diameter discs using an ultrasonic disc 
cutter; dimpling to a minimum central thickness of 50 µm; and Ar ion milling to perforation at 
an accelerating voltage of 4 kV in a Gatan DuoMill. All ion milling was performed using a liquid 
N2 cold stage to minimize ion beam damage. The ALCHEMI experiments were performed on a 
FEI Tecnai T12 TEM operating at 120 kV and equipped with an EDAX ultra-thin window energy-
dispersive X-ray spectrometry (EDXS) system. 
 
4.3   Results 
To demonstrate the approach taken in these analyses, the data presented first is from 
the Medium Cr/Mn/Co sample from the Cr-substituted series (i.e. the sample with a nominal 
molar composition of MnCoCrO4). The XRD data from both the calcined oxide powder (Figure 
4.1(a)) and the sintered pellet of this composition are consistent with this being a single-phase 
cubic spinel material; after correction for instrumental errors, the value obtained for the lattice 
parameter, a0, from these data was 0.8469 nm. A typical SE SEM image obtained from a section 
through the sintered pellet is shown in Figure 4.1(b). Such images reveal the equi-axed grains 
and pores in the sample clearly. The diameters of the spinel grains range from 0.2 – 1.0 µm and 
the porosity of this sample is estimated at 28 % by comparing the density of the pellet to the 
theoretical density for a cubic spinel with this lattice parameter and composition. The overall 
composition of the sample was measured by obtaining EDXS spectra at non-channeling 
orientations. The spectra exhibited very little point-to-point variation, as one might expect for a 
homogeneous single-phase sample. Standard-less quantification performed on these data using 
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the thin film approximation gave an 
overall cation composition of 34 % Mn, 
33.7 % Co and 32.3% Cr. This is close to 
the nominal composition and corresponds 
to a Mn:Co:Cr molar ratio of 
1.02:1.01:0.97 (i.e. the spinel is 
Mn1.02Co1.01Cr0.97O4).  
Following previous ALCHEMI 
studies on cation site ordering in spinels 
[215, 223, 224], EDXS channeling data 
were obtained using the “planar 
ALCHEMI” configuration for orientations 
along the 400 systematic row. In this 
approach the grain of interest is tilted to a 
400 two-beam condition well away from 
any zone axis; EDXS data are then 
obtained at different values of the deviation parameter to reveal the effects of channeling on 
the apparent composition. A [001] projection of the normal cubic spinel structure is shown in 
Figure 4.2(a). This reveals the alternating layers of A and B sites on the {400} planes, with 
oxygen lying in the same layers as the B sites. To reveal the effects of channeling, planar 
ALCHEMI data were obtained from a large grain in the Medium Cr/Mn/Co sample by tilting 
away from the two-beam condition perpendicular to [100] in increments of approximately 0.05° 
Figure 4.1: Microstructure of the Medium 
Mn/Co/Cr sample: (a) XRD data obtained 
from the calcined oxide powder showing 
the cubic spinel structure; b) SE SEM 
image of a section through the sintered 
pellet, with a BF TEM image inset. 
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to vary the deviation from the Bragg condition for the {n00} planes systematically. The apparent 
compositions obtained from the EDXS data by standard-less quantification are shown in Figure 
4.2(b). The orientations are plotted on the abscissa with “000” being the symmetry condition, 
“400” being the Bragg condition for the (400) planes, and so on. For reference, the mean Mn, 
Co and Cr contents as percentages of the total cations are indicated by the horizontal bars on 
the left of the Figure. At the symmetry condition, the deviation parameter, s, is negative for 
both (400) and (4̅00) and the apparent Co content is much lower than the mean, whereas the 
Mn and Cr contents are much higher. For orientations to the right of the Bragg position for 
(400), where s is positive for (400) but large and negative for (4̅00), the apparent Co content is 
higher and the Mn and Cr contents are lower. Similar effects are seen to the left of the Bragg 
position for (4̅00), where s is positive for (4̅00) but large and negative for (400), although there 
is some asymmetry due to sample geometry effects. These data clearly show that Mn and Cr 
are strongly correlated, and that they are anti-correlated with Co. By comparing these 
observations with previous studies of site occupancies in spinels [140, 157, 175, 208], it is 
inferred that the Mn and Cr tend to occupy the B sites with Co on the A sites.  
The site occupancies in such three-component systems are represented most clearly 
using the ordering tie line (OTL) construction introduced by Hou et al [227]. The OTL is a 
graphical approach based on the principle that in any ordered system the mean composition is 
a weighted average of the sub-lattice compositions. Thus, if the compositions of the two sub-
lattices in a ternary system are plotted on a compositional triangle, then the mean composition 
will lie on the tie line connecting these points. Moreover, in the absence of any complications 
such as delocalization effects, any apparent compositions measured in channeling experiments 
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must also lie on the tie line. This approach has been used in ALCHEMI studies in a variety of 
alloy, intermetallic and oxide systems [228-232], but not to the best of the author’s knowledge 
in any previous studies of site occupancies in spinels. The OTL for the data from Figure 4.2(b) is 
shown in Figure 4.2(c): each of the apparent compositions is plotted in an Mn-Co-Cr 
compositional triangle; the best-fit OTL is constructed using orthogonal distance linear 
regression; and the end points are then identified as the most highly ordered state possible 
given the overall composition and the sense of the ordering implied by the slope of the OTL. In 
this case the coefficient of determination, R2, is 0.998 indicating that the ALCHEMI data give an 
excellent fit to the OTL indicated. The end points of the extrapolated OTL lie at (12% Mn, 88% 
Co) and (45% Mn, 6.5% Co, 48.5% Cr); this corresponds to a (Mn0.12Co0.88)A(Mn0.9Co0.13Cr0.97)BO4 
spinel. It has been shown that the strength of the channeling in an ALCHEMI experiment, S, is 
equal to the length of the tie line segment spanning the measured apparent compositions 
divided by the total length of the tie-line between the actual sub-lattice compositions [217]. 
Since the actual sub-lattice compositions cannot be determined unambiguously, the tie-line end 
points are used to obtain S = 0.25. It is noted that this is a lower bound on S since the ordering 
may not be as strong as that implied by the calculated end points. Moreover, even this lower 
bound of 0.25 is considered a very strong channeling effect since the maximum possible value 
of S is only 0.3-0.5 depending on absorption effects [217].  
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A similar approach was used to analyze the other 12 samples. The XRD data from the 
other 6 Cr-substituted samples are shown in Figure 4.3. The Low Mn, Low Co, High Co and High 
Cr samples all appear to be single-phase cubic spinels, and the corresponding values of a0 are 
given in Table 4.2. The High Mn sample is also single-phase but exhibits the tetragonal CoMn2O4 
structure; this is a tetragonal distortion of the cubic spinel structure giving a change in 
symmetry from Fd3̅m to I41/amd [234]. The axes of this tetragonal structure are rotated by 45° 
about [001] with respect to the parent cubic structure so that a0’ ≈ a0√2 ≈ c0, where a0’ is the 
Figure 4.2: EDXS ALCHEMI data from the 
Medium Mn/Co/Cr sample: (a) schematic 
[010] projection of the cubic spinel 
structure showing the alternating sheets 
of A and B/O ions parallel to {100};             
(b) variation in apparent cation 
composition with specimen orientation; 
(c) OTL plot showing the best fit tie line 
with end points corresponding to the 
most highly ordered state. 
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equivalent cubic lattice parameter; the values of a0 and c0 are given in Table 4.2. The Low Cr 
sample exhibits a mixture of the cubic and tetragonal structures, which is similar to that 
observed previously for MCO samples with the composition Mn1.5Co1.5O4 [71, 162, 200]. The 
XRD peaks from this sample were significantly broader than those from the other samples, 
presumably due to some combination of grain size and/or defect content, and so it was not 
possible to determine the lattice parameters accurately. The overall cation compositions of the 
samples measured by EDXS at non-channeling orientations are also included in Table 4.2. In 
each case, these were very close to the nominal compositions for the samples. 
 
Table 4.2: Summary of data from the six Low/High Mn, Co and Cr samples in the Cr-substituted 
series. Phase(s) and Lattice parameters are from XRD data. Mean cation compositions are from 
EDXS data obtained at non-channeling orientations. Sub-lattice compositions, coefficients of 
determination (R2) and channeling strength (S) were obtained from OTL plots of EDXS ALCHEMI 
data. 
 Phase Lattice 
Parameter 
Mean Cation 
Composition (%) 
A Sub-Lattice (%) B Sub-Lattice   (%) R
2 S 
  (nm) Mn Co Cr Mn Co Cr Mn Co Cr   
 
Low Mn 
 
C 
 
a0 - 0.8329 
 
19.2 
 
38.5 
 
42.3 
 
4.0 
 
96.0 
 
0 
 
26.8 
 
9.7 
 
63.5 
 
0.997 
 
0.24 
High Mn T a0 - 0.5845  
c0 - 0.8787 
51.5 24.2 23.3 31.3 68.7 0 61.5 2.1 36.4 0.992 0.23 
Low Co C a0 - 0.8418 42.9 15.7 41.4 49.1 47.2 3.7 39.7 0 60.3 0.999 0.22 
High Co C a0 - 0.8321 26.9 48.3 24.8 1.7 98.3 0 39.6 23.3 37.2 0.999 0.24 
Low Cr C + T * 42.4 41.2 16.4 0 97.3 2.7 63.6 13.2 23.2 0.996 0.21 
High Cr C a0 - 0.8400 25.4 25.6 49.0 25.8 74.2 0 25.2 1.3 73.5 0.999 0.27 
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Figure 4.3: XRD data obtained from the calcined oxide powder for six Cr-substituted samples: 
(a) Low Mn; (b) High Mn; (c) Low Co; (d) High Co; (e) Low Cr; (f) High Cr. 
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Examples of OTL plots from each of these samples are presented in Figure 4.4. In each 
case, these correspond to data with R2 > 0.99 from a single grain in the sample, although 
several such experiments were performed for each sample and each gave similar results. The 
compositions of the tie-line end-points, and the values of R2 and S are given in Table 4.2. In the 
Low Mn sample (Figure 4.4(a)), the OTL is oriented similarly to that for the Medium Cr/Mn/Co 
sample (Figure 4.2(c)), and here again the Co resides mainly on the A sites with Cr and Mn on 
the B sites. In the High Mn sample (Figure 4.4(b)), the data were acquired at deviations from 
the 220 systematic row for the tetragonal structure, which is equivalent to the 400 row for the 
parent cubic structure. Here again, the slope of the OTL is similar, indicating that the same site 
preferences prevail, with Co on the A sites and Cr on the B sites. In this case, however there are 
more Mn ions than can be accommodated on the remaining B sites and approximately 30% of 
the A sites are occupied by Mn in the most highly ordered state. The same Co and Cr site 
preferences are evident for the Low Co sample (Figure 4.4(c)), resulting in an OTL with a rather 
different orientation; at this composition there are more Mn ions on the A sites than Co ions. 
The OTLs for the High Co and Low Cr samples (Figure 4.4(d) and (e)) again resemble those for 
the Low Mn and Medium Cr/Mn/Co samples (Figure 4.2(c)), but in these cases the A sites are 
occupied almost exclusively by Co and there is also a significant Co content on the B sites. It is 
noted that no significant differences in overall or sub-lattice compositions were measured 
between the cubic and tetragonal phases in the Low Cr sample. Thus, the data from a cubic 
grain in Figure 4.4(e) are representative of both phases. In the High Cr sample the OTL 
orientation resembles that for the Low Co sample, with the Co on the A sites, the Cr on the B 
sites, and the Mn distributed evenly across the A and B sites. 
  
95 
 
 Figure 4.4: OTL plots obtained from sintered samples of six Cr-substituted samples:                        
(a) Low Mn; (b) High Mn; (c) Low Co; (d) High Co; (e) Low Cr; (f) High Cr. 
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The XRD data from the three Ni-substituted samples are shown in Figure 4.5. All three 
samples show the cubic spinel phase, and the corresponding values of a0 are given in Table 4.3. 
For the Medium and High Ni samples, there are also peaks corresponding to cubic NiO with the 
rock-salt structure; the lattice parameters for these phases were 0.4201 and 0.4180 nm, 
respectively. The mean cation compositions of the spinel phases measured by EDXS are given in 
Table 4.3, whereas the cation compositions for the rock-salt phases were 1 % Mn / 22 % Co / 77 
% Ni, and 1 % Mn / 14 % Co / 85 % Ni in the Medium and High Ni samples, respectively. Due to 
the porosity it is not possible to measure the volume fractions of the rock-salt phase accurately, 
but by using a mass balance approach they are estimated to be 20% and 37%, respectively. It is 
noted that the presence of the rock-salt phase in these two samples leads to a larger deviation 
of the spinel from the nominal composition of the overall sample than in the Cr-substituted 
samples. Examples of OTL plots from each of these samples are presented in Figure 4.6. In each 
case the OTLs are oriented similarly, indicating that Co tends to occupy the A sites with Mn and 
Ni on the B sites. For both the Low and the Medium Ni samples, however, about 10% of the A 
site cations are Mn and approximately 17% of the B site cations are Co. 
 
Table 4.3: Summary of data from the spinel phase in three Ni-substituted samples. 
 Phase Lattice 
Parameter 
Mean Cation   
Composition (%) 
A Sub-Lattice (%) B Sub-Lattice (%) R
2 S 
  (nm) Mn Co Ni Mn Co Ni Mn Co Ni   
Low Ni C a0 - 0.8327 41.6 42.5 15.9 10.5 89.5 0 57.2 18.9 23.9 0.997 0.31 
Med. Ni C a0 - 0.8311 41.4 39.9 18.7 11.6 88.4 0 56.1 15.8 28.1 0.998 0.21 
High Ni C a0 - 0.8321 39.5 34.8 25.7 2.3 97.7 0 58.1 3.3 38.6 0.997 0.22 
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Figure 4.6: OTL plots obtained from 
sintered samples of the three                         
Ni-substituted samples: (a) Low Ni;                
(b) Medium Ni; (c) High Ni. 
 
Figure 4.5: XRD data obtained from the 
calcined oxide powder for the three Ni-
substituted samples:  
(a) Low Ni; (b) Medium Ni; (c) High Ni. 
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The XRD data from the three Fe-substituted samples are shown in Figure 4.7. For the Low 
and Medium Fe samples, there appears to be a mixture of tetragonal and cubic phases, although in 
this case the magnitude of the tetragonal distortion appears to be smaller than in the Low Cr 
sample which showed the same phase mixture (Figure 4.3). Here again, the broadening and overlap 
of the peaks from the two phases precluded the accurate measurement of lattice parameters. In 
the High Fe sample, however, there was only a single cubic phase with a0 = 0.8439 nm. The mean 
cation compositions of the spinel phases measured by EDXS are given in Table 4.4. The values for 
the Low Fe sample deviate significantly from the nominal composition. Occasional grains were 
observed with higher Fe and Mn, and lower Co, so this deviation could be due to phase separation 
in a similar manner to the Medium and High Ni samples. The cation compositions for the Medium 
and High Fe samples were much closer to the nominal values. Representative OTL plots from each 
of the Fe-substituted samples are shown in Figure 4.8, and the end-point compositions are given in 
Table 4.3. The OTL orientations for the Low and Medium Fe samples indicate that Co occupies the A 
sites, Mn occupies the B sites, and Fe is distributed evenly across the two types of sites. The values 
of R2 and S are lower for the Medium Fe sample than for the Low Fe sample, suggesting that 
increasing the Fe content reduces the strength of ordering in these materials.  Indeed for the High 
Fe sample there is no measureable channeling effect suggesting that the distribution of all three 
cations is uniform across the A and B sites. 
 
Table 4.4: Summary of data from the spinel phase in three Fe-substituted samples. 
 
 Phase Lattice 
Parameter 
Mean Cation  
Composition (%) 
A Sub-Lattice (%) B Sub-Lattice (%) R
2 S 
  (nm) Mn Co Fe Mn Co Fe Mn Co Fe   
Low Fe C+T * 34.9 51.6 13.5 0 92.8 7.2 52.3 31.0 16.7 0.999 0.24 
Med. Fe C+T * 31.8 34.3 33.9 0 66.0 34.0 47.7 18.5 33.8 0.976 0.20 
High Fe C a0 - 0.8439 24.5 26.4 49.2 - - - - - - 0 0 
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Figure 4.8: OTL plots obtained from 
sintered samples of the three Fe-
substituted samples: (a) Low Fe;          
(b) Medium Fe; (c) High Fe. 
 
Figure 4.7: XRD data obtained from the 
calcined oxide powder for the three Fe-
substituted samples:  
(a) Low Fe; (b) Medium Fe; (c) High Fe. 
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4.4   Discussion 
With the exception of the High Fe sample, the ALCHEMI data obtained in this study give 
particularly high values of R2. This suggests that the experimental conditions used to acquire 
the data have been optimized well and that there is very little effect from electron 
delocalization, as one might expect for an oxide structure such as a spinel. While the ALCHEMI 
technique can only measure the sense of the ordering in such systems, not the degree of order, 
the OTL plots do suggest that the ordering must be very strong in these samples. The values of 
S obtained from the ALCHEMI data are ≥0.2 in all but the High Fe case. These are lower bound 
estimates of S based on the OTL end points corresponding to the most highly ordered state 
possible for each sample. There are various issues associated with the samples that could 
influence the values of S. For example, lattice defects that perturb the structure locally can 
reduce the strength of the channeling effect [235]. More general cation disordering in spinels 
can also occur due to ion or electron irradiation displacing ions from their equilibrium locations 
[223, 224]. Thus, during ion beam milling for TEM specimen preparation or during examination 
under the electron beam the degree of ordering on the cation sublattices could be reduced 
from that which prevails in the sintered ceramic pellets. Moreover, depending on the thermal 
history, the cation distributions in the pellets might not represent the equilibrium state (e.g. 
[236]), although the cooling of the pellets at 100°C/h was designed to minimize this effect. It is 
noted, however that each of these effects would reduce the degree of order and/or the 
strength of the resulting channeling effect.  Thus the large values of S obtained experimentally 
suggest that the tie-line end points are a good approximation to the true sub-lattice 
compositions, and these compositions are used for the remainder of this discussion. 
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Three main approaches have been used to quantify the site preferences for cations in 
spinels. Traditionally, this was done by considering ionic size effects and Madelung constants 
[153, 237], but this was largely superseded by crystal field theory [155] and subsequent 
refinements using pseudo-potential orbital radii [157]. In an alternate approach due to 
Navrotsky et al., sophisticated calorimetric measurements were used to determine the 
interchange enthalpy for cations between tetrahedral and octahedral sites [140, 160]. While 
there cannot be a quantitative measure of site preferences extracted from the ALCHEMI data, 
the measurements do provide a clear rank of site preferences in the samples. In the following 
discussion, these preferences are compared with those expected for spinels on the basis of the 
study by Navrotsky and Kleppa [160], which includes results from both calorimetric 
measurements and crystal field theory. 
Firstly, the OTLs from the Cr-substituted samples (Figure 4.2(c) and Figures 4.4(a)-(f)) are 
considered. As explained in the results section, these OTLs indicate that to within the 
experimental uncertainty: all of the Cr resides on the octahedral B sites; all of the Co resides on 
the tetrahedral A sites, except for in the Low Mn, Low Cr and High Co samples where the A sites 
are occupied by Co only and the excess Co goes to the B sites; and the Mn resides in the 
unoccupied B (and, where appropriate, A) sites. The strong preference of Cr for B sites is to be 
expected since in both crystal field theory calculations and calorimetric approaches Cr3+ has the 
highest B site preference energy of all the cations considered [160]. The strong preference of 
Co for the A sites is less straightforward; the empirical site preference energy of Co2+ for these 
sites from calorimetric measurements has the appropriate sign but a significantly smaller 
magnitude, and the value from crystal field theory has the opposite sign suggesting that Co2+ 
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would go to B sites. The situation is complicated further for Mn since there are two common 
oxidation states in spinels: Mn3+, which shows a strong preference for the B sites, and Mn2+, 
which shows a weaker preference for the A sites.  
In the Ni-substituted samples, all of the Ni resides on the B sites. Here again this is 
consistent with both crystal field theory calculations and calorimetric approaches, which give a 
high B site preference energy for Ni2+ (i.e. these are inverse, or partially inverse spinels). In the 
High Ni sample, all of the Co lies on the A sites with all the Mn on the B sites, but for both the 
Low and the Medium Ni samples about 10% of the A site cations are Mn and 17% of the B site 
cations are Co. These trends are complicated somewhat by the presence of a significant volume 
fraction of NiO in the latter two samples, giving large deviations of the spinel compositions 
from the nominal compositions of the two ceramic pellets.  It is noted, however, that the OTL 
orientations are the same in each case suggesting that the relative site preferences are the 
same. 
The Fe-substituted samples exhibit rather different trends, with all of the Mn on the B 
sites in the Low and Medium Fe samples, roughly equal proportions of Fe on the A and B sites, 
and Co distributed across the remaining sites.  It is tempting to speculate that the presence of 
Fe leads to Mn adopting only the 3+ oxidation state, since one would expect Mn3+ to have a 
strong preference for the B site. The calorimetry approach suggests that Fe, like Mn, exhibits an 
oxidation-state dependent site preference, although in this case Fe2+ has a weak preference for 
the B site and Fe3+ having a somewhat stronger preference for the A site [160]. It is also 
important to note that the degree of order decreases with increasing Fe content, with the High 
Fe sample exhibiting no channeling evidence for preferred site occupation. 
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An obvious weakness of the EDXS ALCHEMI approach is that it gives the location of the 
different species on the sublattices, but provides no information on the oxidation states. This is 
a severe limitation in systems such as MCO spinels since the cations can exhibit different 
oxidation states. Indeed since MCO is a small polaron conductor, the Mn ions must exhibit 
mixed oxidation states, and the conductivity of the oxide will depend upon the relative 
populations of the ions. An attempt was made to determine the oxidation states of the cations 
from the measured lattice parameters by calculating the oxygen displacement parameter (e.g. 
[140]) for different distributions of oxidation states using published values for the cation radii 
and the site occupancies measured experimentally. The differences between the lattice 
parameters calculated for the oxidation state models were within the experimental uncertainty 
in the measured values of a0, and so no conclusions could be reached on this basis. The 
oxidation states of the cations could be evaluated by electron energy-loss spectroscopy (EELS) 
in the TEM using the white lines and/or other near-edge structure on the L23 ionization edges 
(e.g. [238, 239]). Moreover, the acquisition of EELS spectra at channeling orientations would 
allow data to be acquired with different contributions from the cation sub-lattices thereby 
revealing differences in oxidation state [240]. We are currently exploring the use of such EELS 
ALCHEMI approaches to study oxidation state distributions in MCO and related spinels. 
Lastly, it is noted that these observations could have important consequences for 
reaction layer formation during elevated temperature exposure of MCO-coated stainless steels 
and superalloys, such as those observed in our recent studies [70, 71, 201, 241]. In pure MCO, 
Mn tends to reside preferentially in the B sites.  Diffusion of Cr and/or Ni from the alloy 
substrate into the coating will tend to displace Mn from the B sites, and will presumably change 
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the balance of Mn oxidations state and therefore the conductivity. No clear link has been 
established yet between changes in the cation distributions and in the polaronic conductivity in 
these coatings. It is noted however that preliminary EDXS ALCHEMI data obtained from cross-
sectional TEM specimens of MCO coatings on Crofer 22 APU substrates have shown that the 
site occupancies in the reaction layer correspond closely to those measured here for the 
sintered ceramic MCO samples [242]. 
 
4.5   Conclusions 
Cation site occupancies have been studied by EDXS ALCHEMI in a range of ceramic 
spinels based upon MCO (Mn1.5Co1.5O4) with different levels of Cr, Ni and Fe substitution on the 
cation sublattices. Analysis of the ALCHEMI data using the OTL approach enables the sub-lattice 
cation compositions to be determined for the most highly ordered state consistent with the 
overall sample composition and the sense of the ordering measured experimentally. In most 
cases the channeling is sufficiently strong to suggest that the samples exhibit these most highly 
ordered states.  Thus, the main findings are as follows: 
1. In Cr-substituted samples, all of the Cr ions lie on the octahedral B sites. The Co 
resides on the tetrahedral A sites, except when the Co content is high enough to completely fill 
the A sublattice and any excess Co goes to the B sites. The Mn occupies the remaining sites. 
2. In Ni-substituted samples all of the Ni ions reside on the B sites. The Co and Mn ions 
tend to lie on A and B sites, respectively, although there is some mixing of Co onto B sites and 
Mn onto A sites at lower Ni contents. 
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3. In Fe-substituted samples with low to intermediate Fe contents, all of the Mn lies on 
the B sites, with roughly equal proportions of Fe on the A and B sites, and Co distributed across 
the remaining sites. The degree of order decreases with increasing Fe content, with the High Fe 
sample exhibiting no channeling evidence for preferred site occupation. 
These observations could have important consequences for conductive MCO coatings 
on high temperature alloys. The diffusion of Cr, Ni and/or Fe into the coating to form an 
interfacial reaction layer could cause profound changes in the local site occupancy, cation 
oxidation state(s) and degree of ordering in the spinel leading to structural and functional 
differences within the reaction layer.  
 
4.6  Future Work 
The EDXS ALCHEMI study of MCO-based spinel ceramics has set the groundwork for 
using this technique to study the RLs formed between interconnect alloys and MCO-based 
coatings. Preliminary results have shown success with using this technique to measure the 
cation site occupancy in RLs formed in MCO coated Crofer 22 APU despite the complex 
microstructure, high concentration of defects, and composition gradient through individual 
grains [242]. Further ALCHEMI work needs to be performed to identify the effect that Ni- and 
Fe- substitution in MCO coatings have on rate of chromia scale growth and RL development.  
Since it is the oxidation state of the cations across the A and B sublattice which 
determines the structure and properties of spinel, EELS ALCHEMI experiments are necessary to 
explain the principles which affect the performance of interconnect RLs.  Published EELS 
ALCHEMI studies on spinel ceramics have shown the viability of this technique to measure the 
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oxidation state of Mn, Co, Fe, and Ni cations, although there were some difficulties with 
radiation damage [251, 252, 253]. EELS ALCHEMI can be used to explore how Ni- and Fe-
substitution in MCO coatings affect the cation transport and conductivity of the RLs, since the 
oxidation state of the cations determines their diffusion path and the number of charge 
carriers. EELS ALCHEMI may also be used to determine if there is a difference in the oxidation 
state of the cations between the cathode and anode SOFC environment and with and without 
an applied voltage. 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
  
107 
 
Chapter 5: 
Microstructural Evolution in Manganese Cobaltite Films 
Grown on Crofer 22 APU Substrates by  
Pulsed Laser Deposition 
 
5.1  Introduction/Preamble 
Here a study is reported on the use of pulsed laser deposition (PLD) to produce MCO 
coatings on Crofer 22 APU substrates. While physical vapor deposition techniques are 
inherently less scalable than the slurry-based reactive consolidation process, they do offer the 
possibility of forming more uniform and much denser coatings. Such coatings are of interest as 
model systems to help study microstructural development in the coating phases, and might be 
practical for certain small-scale niche SOFC systems. There have been a few previous reports on 
the use of PLD to grow perovskite films [51, 52] and MnCr2O4 spinel films [52] onto 
interconnect alloys, but as far as is known this is the first reported use of PLD to deposit MCO. A 
combination of X-ray diffraction (XRD) and electron microscopy techniques have been used to 
reveal the details of the microstructures in as-deposited films and in films after post-deposition 
oxidation heat-treatment.  The implications of these observations for the microstructural 
development in this system are discussed. 
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5.2 Materials and Methods 
  The PLD was performed using a ceramic Mn1.5Co1.5O4 spinel target 25 mm in diameter 
and 10 mm in thickness. This target was produced by: synthesizing powders of this composition 
utilizing the glycine nitrate process [243]; cold pressing in a floating die to form a disc-shaped 
compact; cold isostatic pressing to increase green density; and then pressure-less sintering to 
give a final porosity of ≈30%. The details of the process are given in Section 4.2. The phase 
purity of the target was confirmed using Raman spectroscopy and X-ray diffraction (XRD) and 
no phases other than the tetragonal Mn2CoO4 and cubic MnCo2O4 spinels were detected. 
Films were deposited onto Crofer 22 APU substrates cut from a cold-rolled sheet 200 µm in 
thickness. Preliminary experiments revealed profound orientation effects due to defects and/or 
crystallographic texture at the substrate surface.  Thus, for all of the experiments presented 
here, the substrate was polished mechanically and then electrolytically in an aqueous mixture 
of sulfuric and chromic acids at 50°C. The combined effect of these polishing processes was to 
remove a surface layer of approximately 50 m in thickness. 
Deposition was performed using a Coherent Inc. Lambda Physik: Compex 201 KrF pulsed 
excimer laser ( = 248 nm). The deposition conditions used were: pulse energy of 190 mJ, laser 
fluence of 1 J/cm2, repetition rate of 5 Hz, pulse length of 25 ns, chamber pressure of 2.8×10-4 
mTorr N2, target/substrate distance of 80 mm, and a deposition time of 2.5 h. Prior to 
deposition the substrate was heated to 400°C from the back using a cartridge heater with the 
temperature monitored using an attached thermocouple. During deposition the substrate 
temperature was kept constant, and both the target and substrate were rotated to ensure 
uniformity of the thickness and composition in the deposits. Some of the deposits were 
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subjected to post-deposition annealing ex situ at 800°C for 0.5 and 14 h in a tube furnace at 
atmospheric pressure in laboratory air. 
The structures of the as-deposited and the annealed films were characterized using XRD 
with a Bruker 5005 diffractometer. The XRD spectra were acquired by scanning over the angular 
range 2θ = 15° to 120° at a scan speed of 25 s/step with a step size of 0.02° using Cu Kα 
radiation with a monochromator. The morphologies of the films were evaluated by secondary 
electron (SE) imaging using the electron columns of FEI Strata 400S and Helios Nanolab G3 dual 
beam FIB instruments. These instruments were also used to perform site-selective sample 
preparation for transmission electron microscopy (TEM). The procedure used was to deposit 
protective Pt layers over the region of interest using first the electron beam and then the Ga+ 
ion beam. Trenches were then cut through the deposits and into the underlying substrates, the 
lamellae between the trenches were then lifted out and mounted onto copper Omni grids. A 
scanning transmission electron microscopy (STEM) detector and flip-stage were used for final 
thinning. Ga+ beam currents were reduced iteratively to a value of 9.7 pA during final milling to 
avoid excessive Ga+ implantation and beam damage. The resulting samples were examined in 
FEI Tecnai T12, JEOL 2010 and FEI Talos F200X TEMs operating at accelerating voltages of 120, 
200 and 200 kV, respectively. 
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5.3 Results 
5.3.1  As-Deposited Films 
The as-deposited films were firstly analyzed by XRD. Data such as those shown in Figure 
5.1(a) contain two main sets of peaks: those corresponding to the BCC structure of the ferritic 
Crofer substrate and a second set from the deposit. The relative intensities of the BCC peaks 
varied from one location to another on the sample because the grain size at the surface of 
these electro-polished substrates (20 µm) is comparable to the collimated X-ray beam diameter 
used. The peaks from the deposit were not those expected for the spinel structure of MCO, but 
instead corresponded to a face-centered cubic lattice with a lattice parameter, a0, of 0.4388 
nm. This value of a0 lies between those for CoO (0.4267 nm) and MnO (0.4442 nm), both of 
which exhibit the rock-salt structure (space group Fm3̅m). In certain XRD scans where the 
Crofer grains were oriented such that the intensity of the 110BCC peak was unusually low, there 
were small shoulder peaks that were subsequently shown to be from metallic Co as described 
below. An example of this is shown in the inset to Figure 5.1(a). 
The surface morphology of the as-deposited film was investigated using SE imaging and 
a typical image is shown in Figure 5.1(b). The contrast in such images was fairly uniform 
suggesting that the films are relatively smooth, although there were subtle differences in 
contrast from one region to another. Since energy-dispersive X-ray spectrometry (EDXS) data 
obtained from such regions showed no differences in chemical composition, it seems likely that 
these contrast effects correspond to variations in the details of the deposit surface topography 
from one substrate grain to another. 
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A montage of BF TEM images obtained from a FIB-cut cross-section through the deposit 
is shown in Figure 5.1(c). Such images confirm that the film is smooth and uniform with a 
deposit thickness of 680 ± 14 nm. The film exhibits a columnar microstructure throughout most 
of the thickness, with a mean grain width of 95 ± 37 nm measured parallel to the film/substrate 
interface. There are more equi-axed dark features in the regions adjacent to the 
deposit/substrate interface. The mean dimensions of these features measured parallel and 
perpendicular to the deposit surface are 57 ± 19 nm and 132 ± 78 nm, respectively. The 
character of these latter features was investigated by EDXS STEM experiments, and this is 
revealed most clearly in maps such as those shown in Figure 5.1(d). Data was acquired from the 
region of interest by collecting full spectra at each point in a 150 x 75 point grid. This spectrum 
Figure 5.1: Overall microstructure of the as-deposited film: (a) XRD data with data from a 
second area on the same sample inset; (b) SE SEM image obtained from the deposit surface; 
(c) montage of BF TEM images obtained from a FIB-cut cross-section through the deposit; (d) 
maps showing the distribution of Mn, Co, Fe and Cr in a region of the sample shown in (c). 
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image was analyzed by performing a standard-less quantification for Mn, Co, Fe, Cr and O (not 
shown) at each point. Thus the maps shown in Figure 5.1(d) are compositional maps (rather 
than raw X-ray maps) and the intensity in these maps is proportional to the content of the 
corresponding elements. The maps indicate that: the majority of the film is a mixed Mn/Co 
oxide, presumably (Mn,Co)O, with some variation in the Co content with deposit thickness; the 
darker features are essentially pure Co; and there is a very thin layer of oxide (9 - 35 nm thick) 
at the interface that is enriched in Cr. Overall trends in composition were evaluated by 
integrating the compositional measurements over the whole film, and over the top, middle and 
bottom thirds of the film thickness. These data are given in Table 5.1. 
 
Table 5.1: Average cation composition in film (atomic %). 
  As-deposited 0.5 Hour 14 Hour Dense 14 Hour Porous 
 
Mn Co Mn Co Mn Co Cr Mn Co Cr 
Whole film 50 50 50 50 49 46 5 50 47 3 
Top third 50 50 49 51 46 52 2 43 51 6 
Middle third 52 48 51 49 60 40 0 56 44 0 
Bottom third 47 53 50 50 40 46 14 51 45 4 
 
Further details of the as-deposited microstructure are shown in Figure 5.2. By 
comparing the high-angle annular dark field (HAADF) STEM image in Figure 5.2(a) with the data 
in Figures 5.1(a) & (d) and Table 5.1, it shows that:  
 the film immediately below the protective Pt cap is columnar Mn0.5Co0.5O with the rock-
salt structure 
  
113 
 
 the center of the film is still single-phase oxide with the rock-salt structure, but is more 
Mn-rich 
 near the substrate there is a mixture of metallic cobalt and very Mn-rich NaCl-type 
oxide. The mean volume fractions of the phases in the film were estimated by summing 
the projected area fractions in several HAADF images such as Figure 5.2(a), and the 
values obtained for Co and (Mn,Co)O were 0.17 and 0.83, respectively. 
Higher magnification TEM images reveal further details of the interface structure. Figure 5.2(b) 
is a BF TEM image that shows a much smaller Co grain just above the interface, and indeed 
there seems to be a bimodal distribution of Co grain sizes, with the fine cobalt grains being 
equi-axed with mean diameters of 22 ± 8 nm. Figure 5.2(c) is a phase-contrast lattice image of a 
very fine grain at the alloy/coating interface whose lattice spacings correspond to those 
expected for the cubic spinel structure.  Thus the thin Cr-enriched oxide layer appears to 
correspond to the onset of (Mn,Cr)3O4 spinel formation. 
Figure 5.2: Microstructural detail from the cross-sectional sample 
shown in Figs 1 (c) and (d): (a) HAADF STEM image showing the 
main changes in microstructure through the deposit; (b) BF TEM 
image from a region at the alloy/coating interface; (c) HRTEM 
lattice image of a small (<5nm) spinel grain at the interface. 
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Other interesting features emerge from selected area diffraction pattern (SADP) analysis 
on these samples. Figure 5.3(a) is a bright field image showing a region of the deposit between 
the film center and the interface with the substrate, and Figure 5.3(b) is an SADP from the 
interface between the (Mn,Co)O grain at 1 and the Co grain at 2 in Figure 5.3(a). Firstly It is 
noted that the pattern from the Co (and indeed all other patterns from Co grains in this sample) 
correspond to those expected for the 
FCC allotrope of Co, rather than the 
equilibrium HCP structure. It is on this 
basis that the weak shoulder for the 
110BCC peak in the inset to Figure 5.1(a) 
was indexed as 111 for FCC Co, not 
0002 for HCP Co. Secondly it is noted 
that the pattern in Figure 5.3(b) 
indicates that there is a strong orientation relationship (OR) between the (Mn,Co)O grain and 
the Co grain; the [011] directions are parallel in the two structures and there is a rotation of just 
3° between the two structures about this axis. Similar effects were observed for other columnar 
(Mn,Co)O grains that lay above Co grains in the film. 
 
5.3.2  Films after 0.5 h Annealing in Air at 800°C 
The XRD data from the films after 0.5 h annealing (Figure 5.4(a)) revealed a very 
different phase mixture from that in the as-deposited films. There are peaks corresponding to 
the tetragonal Mn2CoO4 (I41/amd, a0 = 0.5884 nm, c0 = 0.8670 nm) and cubic MnCo2O4 (Fd3̅m, 
Figure 5.3: TEM data obtained from a region 
near the coating/substrate interface in the 
cross-sectional sample shown in Figs 1 (c) and 
(d): (a) BF TEM image; (b) SADP obtained from 
the interface between the (Mn,Co)O grain at 1 
and the Co grain at 2 in (a). 
 
  
115 
 
a0 = 0.8433 nm) spinel phases, which co-exist for Mn1.5Co1.5O4 at room temperature [200]. Thus, 
during the annealing, the phases in the film transform to those in the original MCO target. The 
SE images such as Figure 5.4(b) obtained from the deposit surface indicate that there is some 
moderate roughening during annealing. A montage of BF TEM images obtained from a FIB-cut 
cross-section through the deposit is shown in Figure 5.4(c). Such images reveal that the 
transformation to the spinel phases is accompanied by some dramatic changes in film structure. 
The film is still relatively smooth and uniform, but it is now much thicker (1020 ± 40 nm) and 
the columnar grains are coarser with a mean width of 158 ± 58 nm. However, the most 
remarkable difference in the film structure is the presence of large equi-axed pores with 
diameters of 134 ± 75 nm lying in the approximate location of the coarse Co grains in the as-
deposited film. Compositional maps for Mn, Co, Fe and Cr obtained from an EDXS STEM 
spectrum imaging experiment on a region of this cross-section are shown in Figure 5.4(d). 
These maps show that: the Mn and Co are now distributed uniformly throughout the film; the 
bright features in Figure 5.4(c) are indeed pores; and there is now a significantly thicker (up to 
90 nm) Cr-rich oxide layer at the interface. It is noted that while the images in Figures 5.4(b) 
and (c) are presented at the same scale as the corresponding data in Figure 5.1 for ease of 
comparison, the maps in Figure 4(d) are at roughly half the magnification of those in Figure 
5.1(d). Here again, trends in composition were evaluated by integrating the measurements over 
the whole film, and over the top, middle and bottom thirds of the film thickness. These data are 
also given in Table 5.1. 
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Further details of the annealed microstructure were obtained by comparing HAADF 
STEM images such as Figure 5.5 with SADPs (not shown). Two additional features emerged from 
these data. Firstly, there is a band of very fine pores (<10 nm in diameter) lying parallel to the 
film surface at a depth of about 400 nm. Secondly, in this case the Cr-rich oxide layer at the 
film/substrate interface is essentially pure chromia (Cr2O3). 
 
 
Figure 5.4: Overall microstructure of the film annealed at 800°C in air for 0.5 h: (a) XRD data; 
(b) SE SEM image obtained from the deposit surface; (c) montage of BF TEM images 
obtained from a FIB-cut cross-section through the deposit; (d) maps showing the distribution 
of Mn, Co, Fe and Cr in a region of the sample shown in (c). 
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5.3.3  Films after 14 h Annealing in Air at 800°C 
  The XRD data obtained from the films annealed for 14 h (Figure 5.6(a)) reveal no further 
changes in the phases present, i.e. here again there is a mixture of cubic and tetragonal spinels.  
There are, however, marked changes in the surface topography of the films; SEM images such 
as Figure 5.6(b) show that faceted features up to 2 µm in diameter are present on the surface. 
The number and size of these features varies from location to location on the film surface, and 
the sizes and overall morphologies of the different regions suggest strongly that these are 
correlated with the underlying grains in the alloy substrate. Thus, the region shown in Figure 
5.6(b) is smoother on the left and rougher with more large faceted features on the right, 
suggesting that this is a region of film across a grain boundary in the substrate. Figure 5.6(c) is a 
montage of BF TEM images obtained from a FIB-cut cross-section through the deposit along the 
Figure 5.5: HAADF STEM image showing the 
main changes in microstructure through the 
cross-section shown in Figs 4 (c) and (d). 
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Figure 5.6: Overall microstructure of the film annealed at 800°C in air for 14 h: (a) XRD data; 
(b) SE SEM image obtained from the deposit surface; (c) montage of BF TEM images 
obtained from a FIB-cut cross-section through the deposit along the position marked by the 
dashed line in (b); (d) and (e) maps showing the distribution of Mn, Co, Fe and Cr in regions 
of the sample shown in (c): (d) is from the smooth region on the left of (c), whereas (e) is 
from the facetted region on the right of (c). 
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white dashed line in Figure 5.6(b). There are distinct differences in porosity across the field of 
view with a more dense film on the left below the smooth surface, and large pores on the right 
beneath the large faceted features. Figures 5.6(d) and (e) are compositional maps obtained 
from regions on the left and right of Figure 5.6(c), respectively. These maps show that the films 
exhibit a pronounced variation in composition. In the regions with smooth deposit surfaces 
(Figure 5.6(d)), the Mn and Co appear to have segregated, leaving the Mn-rich tetragonal spinel 
in the center of the film and the Co/Cr-rich cubic spinel phase at the film surface and at the 
interface with the substrate. The cation distribution in the rougher more faceted regions (Figure 
5.6(e)) is rather different. While the center of the film is still Mn-rich and the surface is Co-rich, 
there is very little Mn depletion at the interface, and there is far more Cr in the faceted 
protrusions at the film surface than is found at the smoother surfaces, or indeed at the 
interface in these faceted regions. As before, the 
cation compositions were integrated over the 
top, middle and bottom thirds of the film 
thickness for both the smooth and the faceted 
regions, and these data are included in Table 
5.1. 
  The microstructural details of the 
smooth region in Figure 5.6(c) are revealed in 
HAADF STEM images such as Figure 5.7. As for 
the 0.5 h sample, there is a band of fine pores 
between the inner and outer spinel, but the 
Figure 5.7: HAADF STEM image 
showing the main changes in microstructure 
through the cross-section shown in the 
smooth region in Figs 6 (c) and (d). 
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individual pores are larger (up to 60 nm in diameter) and the band is less well defined. Another 
interesting feature is that while the thicknesses of the outer spinel and the chromia layer at the 
interface are almost identical to those in the 0.5 h sample, the inner spinel is much thinner (445 
nm as opposed to 610 after 0.5 h). The grains in both the inner and outer spinel layers are 
rather more equi-axed than in either the 
as-deposited or 0.5 h samples with a 
mean grain size of 180 ± 90 nm. There are 
some larger pores in the film, but these 
are less than 250 nm in diameter, 
irregularly shaped, and are confined to 
the interface between the inner spinel 
and the chromia layer.  
 The faceted regions exhibit rather 
different microstructures as shown in 
Figure 5.8. The overall average thickness 
of the film in these regions is >1000nm as 
compared to <850 nm in the smooth 
regions. The HAADF STEM images (Figure 
5.8(a)) reveal the large pores clearly; 
these have diameters of up to 500 nm, 
and there is no evidence of the fine pores 
in these regions. The grain size in the 
Figure 5.8: TEM data from grains in 
the facetted region in Figs 6 (c) and (e): (a) BF 
TEM image; (b) SADP obtained from the 
spinel grain at 1 in (a) and corresponding 
indexed schematic; (c) SADP obtained from 
the Crofer grain at 2 in (a) with corresponding 
indexed schematic. The SADPs in (b) and (c) 
are shown at the same camera length, but the 
schematic in (b) is enlarged for clarity. 
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spinel near the interface is similar to that in the smooth regions, but the faceted features 
comprise just a few grains of 1500 nm or more in diameter. It is interesting to note that these 
large grains appear to exhibit a well-defined OR with respect to the underlying ferrite grains in 
the Crofer substrate. One example is shown in Figures 5.8(b) and (c): these correspond to 
SADPs with indexed schematics from the spinel and ferrite grains at 1 and 2 in Figure 5.8(a), 
respectively. In each case the spinel grains lie within a few degrees of: 
[100]Spinel // [100]Ferrite 
[011]Spinel // [010]Ferrite 
Also noted is that the large faceted spinel grains tend to lie with {111} parallel to the overall 
surface, but this is not a low index plane in the ferrite for the OR given above. 
 
5.4  Discussion 
5.4.1  As-Deposited Films 
There were three distinct microstructural layers within the as-deposited film: a thin (≈ 
50 nm) layer at the alloy/coating interface comprising a mixture of fine Co and (Mn,Co)O grains, 
a thicker (≈ 250 nm) layer of coarser Co and (Mn,Co)O grains, and a single phase (Mn,Co)O top 
layer that makes up over half of the deposit thickness. The formation of these layers can be 
accounted by considering the changes in temperature and oxygen partial pressure over the 
course of the deposition.  
The transition from fine-grained equi-axed to coarse-grained columnar deposits is 
typical for polycrystalline thin films grown by PLD. At the onset of the deposition process, the 
cartridge heater current determines the substrate temperature. For deposition onto metallic 
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substrates, the temperature is typically kept at a moderate value (400°C in this case) that 
promotes the formation of crystalline deposits while inhibiting reactions between the substrate 
and the deposit. Thus, the material that arrives at the substrate in the first few pulses has 
limited surface mobility and tends to form a fine-grained microstructure. As the deposition 
proceeds, the surface temperature rises due to repeated exposure to the highly energetic 
plume and limited thermal conductivity through the oxide film. This leads to the formation of 
coarser microstructures by some combination of an increase in the scale of any phase 
separation and the overgrowth of less favorably oriented grains by those which grow more 
rapidly. At some point in the deposition, a steady state temperature is attained and a columnar 
microstructure develops. 
To explain the difference between the phases present in the target and those in the 
deposit, it is important to recall that the deposition is performed at a very low partial pressure 
of oxygen. In the layers closest to the interface, the phase mixture of FCC metallic Co and Mn-
rich oxide with the rock-salt structure resembles that which forms during the reduction stage of 
the reactive consolidation process for MCO slurry coatings [198, 241]. In the latter process, the 
MCO is reduced to pure MnO and pure Co because the temperatures are higher and the oxygen 
partial pressures are lower than in the PLD considered here. Nonetheless, in the earliest stages 
of our PLD experiments there is a reduction in the oxidation state of Mn and Co from a mixture 
of +2 and +3 in the MCO target to +2 for Mn and a mixture of +2 and 0 for Co in the (Mn,Co)O + 
Co deposit. As the deposition proceeds, both the temperature and the effective partial pressure 
of oxygen will increase at the deposit surface. At some point this leads to a transition from 
(Mn,Co)O + Co to single-phase (Mn,Co)O where both Mn and Co must adopt the +2 oxidation 
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state. Such transitions have been reported previously, albeit under rather different conditions. 
For example, Bergman and Ågren calculated the isothermal section of the Mn-Co-O system at 
1500 K and showed that there is a transition from pure FCC Co and (Mn,Co)O to single phase 
(Mn,Co)O at an oxygen partial pressure of 7.6·10-4 mTorr [244]. 
To simplify the discussion of the reactions and transformations that occur upon 
subsequent heat treatment, there is an extracted mean value for the composition of the 
(Mn,Co)O phase in two different ways. Firstly, the used measured value of a0 to obtain an 
effective composition by assuming that the lattice parameter obeys Vegard’s law in this phase; 
it is noted that this assumption is reasonable since it has been shown previously for Mn1-xCoxO 
that a0 varies linearly with x [245]. Secondly, the composition of the phase has been calculated 
by assuming that the overall cation composition of the film is exactly equi-atomic as indicated 
by the EDXS data, and then subtracting the Co atoms in the metallic grains using the measured 
volume fraction of these grains. Both approaches gave the same result: Mn0.7Co0.3O. 
Lastly, it is noted that there is a very thin (Mn,Cr)3O4 RL at the interface due to outward 
diffusion of Cr into the deposit. Such Cr-rich spinel RLs have been shown to form even under 
conditions where MCO is reduced [241], but the extent of this RL is presumably restricted by 
the limited mobility of Cr at the substrate temperature of 400°C. The absence of chromia is 
further evidence of this limited mobility: Koc and Timucin have shown that the limit of Cr 
solubility in (Mn,Cr)3O4 spinel is MnCr2O4 and that further Cr substitution results in the 
formation of chromia [77]. The disparity in the thickness of the (Mn,Cr)3O4 layer from one 
ferrite grain to another indicates a local variation in the Cr flux, but in no case is this high 
enough to form a chromia scale under the deposition conditions used here. 
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5.4.2  Films after 0.5 h Annealing in Air at 800°C 
Annealing for 0.5 h in air at 800°C resulted in a conversion of the phases in the film from 
(Mn,Co)O + Co to Mn2CoO4 + MnCo2O4 (i.e. the phases present in the original target). There is 
clear evidence that this re-oxidation of the film proceeds by outward diffusion of the cations to 
form fresh oxide at the surface, rather than by inward diffusion of oxygen.  Firstly, there are 
large pores whose size and location correspond approximately to those of the Co phase in the 
as-deposited film; this clearly shows that that the Co must diffuse outwards during the re-
oxidation process. Secondly, there is a band of very fine pores at around 610 nm from the 
alloy/coating interface. This is similar to the initial thickness of the deposit and suggests 
strongly that the pores mark the position of the film surface at the onset of the re-oxidation 
process. Such pores have been observed previously in, for example, studies of the oxidation of 
CoO to Co3O4 [246], wherein they were ascribed to surface impurities or imperfections acting as 
vacancy sinks during growth of the Co3O4 layer. 
Following Przybylski and Smeltzer [246] one can consider the conversion of the rock-salt 
(Mn,Co)O phase to spinel by the two coupled reactions:  
(1) 24 Mn0.5Co0.5O → 6 Mn1.5Co1.5O4 + 3 Mn
n+ + 3 Con+ + 3 ne- 
(2) 3 Mnn+ + 3 Con+ + 3 ne- + 4O2 → 2 Mn1.5Co1.5O4 
Reaction (1) is a displacement reaction by which the spinel layer grows to consume the rock-
salt phase, whereas Reaction (2) is the process by which fresh spinel oxide grows at the surface. 
For simplicity, the composition Mn0.5Co0.5O for the rock-salt phase is used, which is equal to 
that measured experimentally near the surface of the initial deposit. The effects of phase 
separation in the spinel is neglected since MCO is a single-phase cubic spinel at the oxidation 
  
125 
 
temperature for this cation ratio [198]. In this stage of the re-oxidation process, the two 
reactions indicate that 24 moles of the rock-salt phase would react to form 6 moles of spinel at 
the rock-salt / spinel interface with the excess cations diffusing to the surface and forming two 
moles of additional spinel by the reduction of four moles of oxygen. Thus, it is expected that the 
band of very fine pores marking the initial surface to lie at a depth equal to 25% of the spinel 
layer thickness. 
As the re-oxidation proceeds, the situation becomes more complex. The Mn content of 
the rock-salt phase increases with distance from the original film surface, and so there will 
initially be an excess of Mn ions produced by the displacement reaction. Once the reaction 
front reaches the point where the rock-salt phase becomes more Mn-rich than Mn0.625Co0.375O, 
a net inward flux of Co is required to produce Mn1.5Co1.5O4 spinel via the displacement reaction. 
As discussed in the previous section, the mean composition of the rock-salt phase in the films is 
Mn0.7Co0.3O and so during much of the process the displacement reaction will produce Mn ions 
only. Since the spinel at the surface in the films after 0.5 h annealing is actually slightly Co-rich, 
the flux of these excess Mn ions must be compensated for by a flux of Co ions from the Co 
grains. In the seminal work by Gulbransen and Andrew [247], it was shown that oxidation of Co 
in such situations proceeds by ionization of Co at the metal/oxide interface and that the 
oxidation rate is dictated by the mobility of Co. Since the compositional inhomogeneities in the 
as-deposited film are almost completely eliminated during re-oxidation, one can infer that the 
mobility of the Co ions is much higher than that of the Mn ions in both the rock-salt oxide and 
spinel phases. Clearly, these additional fluxes of Mn and Co will enhance the rate at which fresh 
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spinel oxide is formed at the surface relative to spinel formation by the displacement reaction, 
resulting in a thicker outer spinel layer as observed experimentally. 
It is noted that while it is expected that the re-oxidized Mn1.5Co1.5O4 film to exhibit a 
single-phase cubic spinel structure at the annealing temperature, the XRD data indicate that 
phase separation occurs upon cooling to ambient conditions giving the same mixture of cubic 
(MnCo2O4-type) and tetragonal (Mn2CoO4-type) spinels found in ceramic samples with this 
composition. Since the individual phase domains cannot be resolved clearly in the 
compositional maps, this phase separation must occurs on a very fine scale. 
 
5.4.3  Films after 14 h Annealing in Air at 800°C 
Annealing for 14 h in air at 800°C resulted in a remarkably different microstructure to 
that observed after 0.5 h annealing.  While the XRD data indicate that the same mixture of 
cubic and tetragonal spinel phases are present, the TEM data show a very different phase 
distribution. In the sample annealed for 14 h, not only do the compositional maps reveal the 
phase separation clearly, but also they indicate that there is phase segregation. There is more 
Mn-rich tetragonal spinel present in the center of the film and more Co-rich cubic spinel at the 
coating surface and at the alloy/coating interface. Given that the samples annealed for 0.5 and 
14 h were cooled to room temperature under the same conditions, both the phase separation 
and the phase segregation presumably occur in the latter sample during the annealing rather 
than during cooling. 
It is noted that the upper and lower layers in this sample contain Cr while the center 
layer does not (Table 5.1). It is shown previously that the presence of Cr stabilizes the cubic 
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spinel structure in MCO [71, 201] and that Cr occupies the in the octahedral B sites structure 
preferentially [242, 248]. Thus the diffusion of Cr from the chromia layer into the spinel coating 
during annealing could lead to the rejection of Mn, and this could act as the driving force for 
the formation of a cubic Co-rich layer at the interface with a tetragonal Mn-rich layer above. 
The solubility of Cr is limited in the tetragonal structure due to the symmetry of the octahedral 
site [152]. On this basis, the presence of Cr in the layer at the coating surface is also consistent 
with this being a cubic Co-rich layer, but it is not clear why the formation of this layered 
structure is favored rather than a mixture of cubic and tetragonal phase domains.  Possible 
reasons for this effect include volumetric differences between the Cr-substituted, Co-rich cubic 
spinel and the Mn-rich tetragonal spinel, and/or differences in the diffusivities of the Co, Cr and 
Mn cations through the spinel phases (e.g. [108]). Further work is required to elucidate this 
effect.  
The sample annealed for 14 h also exhibited pronounced differences in the 
microstructure of the coating from one substrate grain to another. For some substrate grains 
the coating is relatively smooth and exhibits a somewhat more dense structure than that 
observed for the 0.5 h sample. For other substrate grains, large facetted protrusions appear on 
the coating surface and there are coarse pores near the substrate/coating interface. In the 
latter case, the protrusions are cubic spinel grains, which exhibit a simple OR with respect to 
the underlying substrate grain, and the Cr content in these regions is higher than that at the 
surface in the smooth regions of the coating. Clearly, these differences must be related to the 
orientation of the substrate grains.  For substrate grains that lead to favorably oriented 
columnar spinel grains, growth of the upper layer may be enhanced and coarsening of the 
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pores in the underlying coating could lead to enhanced vapor phase transport of chromium 
species across the pores. For other substrate grains, the spinel columns may be oriented less 
favorably and the formation of the Cr-substituted Co-rich layer at the interface could lead to 
closure of the pores inhibiting subsequent transport of Cr towards the coating surface. 
 
5.5 Conclusions 
Coatings have been deposited onto electro-polished Crofer 22 APU substrates by PLD 
from an Mn1.5Co1.5O4 target. A combination of XRD, SEM and TEM techniques has been used to 
characterize the coatings in the as-deposited condition and after annealing in air at 800°C. The 
main findings are as follows: 
1. The as-deposited coatings contain columnar rock-salt (Mn,Co)O grains with 
embedded grains of FCC Co near the coating/substrate interface. This phase mixture 
arises from reduction of the target material in the PLD plume due to the low partial 
pressure of oxygen in the chamber during deposition. 
2. After 0.5 h annealing in air the coatings re-oxidize to form spinel phases with the 
same overall composition as the target. This results in a significant expansion in the 
volume of oxide present. This re-oxidation proceeds by a displacement reaction in 
the rock-salt oxide accompanied by outward diffusion of the cations to form fresh 
oxide at the free surface. The even distribution of the Co throughout the coating 
indicates that the Co ions are significantly more mobile than the Mn ions in the 
oxide phases at the annealing temperature. The spinel reaction product is cubic at 
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the annealing temperature but undergoes phase separation upon cooling to form a 
very fine mixture of tetragonal and cubic spinels. 
3. After 14 h annealing the re-oxidized coatings exhibit significant phase segregation 
with cubic Co-rich layers at the alloy/coating interface and at the coating surface, 
and a tetragonal Mn-rich layer in the center of the coating. The presence of Cr in the 
former layers but not in the latter indicates that Cr stabilizes the cubic phase. The 
coating morphology varies locally with smooth dense regions and facetted regions 
with large sub-surface pores. The latter regions correspond to areas with a well-
defined OR between the spinel at the surface and the underlying substrate grain 
indicating that substrate orientation may have a significant effect on Cr transport 
through the coating. 
Thus, while high quality MCO coatings can be produced on Crofer 22 APU by a 
combination of PLD and post-deposition annealing, the substrate grain structure and texture 
may need to be controlled to promote the long-term high-temperature microstructural stability 
of such coatings. 
 
5.6 Future Work 
In future studies of the oxidation behavior of PLD MCO-based films, the process 
parameters should be modified to include a higher oxygen partial pressure so that there is 
direct deposition of a dense spinel film. A comparative study between an MCO film deposited 
directly and the vacuum deposited MCO film would help to clarify the mechanism for the 
formation of the facetted regions and the phase segregation.  
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The work performed on PLD MCO films on alloy interconnects until now has focused on 
the early stages of chromia scale growth and RL development. Long term heat treatments are 
necessary to assess the performance of MCO over periods of time in which SOFCs operate. 
With heat treatments of 1000 h, the equilibrium RL composition would be attained and the 
effects from degradation would be observed. Long term heat treatments would also allow a 
clear comparison of the performance of MCO-based spinel substituted with Fe and Ni. The 
performance could be based on a parabolic oxidation behavior and provide values for the 
diffusivity of the chromium and oxygen through the spinel lattice. This comparative study is 
necessary because there is no clear evidence on the effect that Fe and Ni substitution have on 
the performance of MCO interconnect coatings [188, 193].  
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